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The objective of this research was to develop and recommend a metallic nuclear fuel
candidate that lowered the onset temperature of γ phase formation comparable or better
than the uranium-10 wt. pct. molybdenum alloy, offered a solidus temperature as high or
higher than uranium-10 wt. pct. zirconium (1250 ◦C), and stabilized the fuel phase against
interaction with iron and steel at least as much as uranium-10 wt. pct. zirconium stabilized
the fuel phase.
Two new as-cast alloy compositions were characterized to assess thermal equilibrium
boundaries of the γ phase field and the effect of carbon addition up to 0.22 wt. pct. The first
system investigated was uranium- x wt. pct. M where x ranged between 5-20 wt. pct. M
was held at a constant ratio of 50 wt. pct. molybdenum, 43 wt. pct. titanium, and 7 wt. pct.
zirconium. The second system investigated was the uranium-molybdenum-tungsten system
in the range 90 wt. pct. uranium - 10 wt. pct. molybdenum - 0 wt. pct. tungsten to 80 wt.
pct. uranium - 10 wt. pct. molybdenum - 10 wt. pct. tungsten.
The results showed that the solidus temperature increased with increased addition of M
up to 12.5 wt. pct. for the uranium-M system. Alloy additions of titanium and zirconium were
removed from uranium-molybdenum solid solution by carbide formation and segregation.
The uranium-molybdenum-tungsten system solidus temperature increased to 1218 ◦C at 2.5
wt. pct. with no significant change in temperature up to 5 wt. pct. tungsten suggesting
the solubility limit of tungsten had been reached. Carbides were observed with surrounding
areas enriched in both molybdenum and tungsten. The peak solidus temperatures for the
alloy systems were roughly the same at 1226 ◦C for the uranium-M system and 1218 ◦C
for the uranium-molybdenum-tungsten system. The uranium-molybdenum-tungsten system
required less alloy addition to achieve similar solidus temperatures as the uranium-M system.
iii
TABLE OF CONTENTS
ABSTRACT . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . iii
LIST OF FIGURES . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . viii
LIST OF TABLES . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xiii
ACKNOWLEDGMENTS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . xiv
CHAPTER 1 OBJECTIVES OF PROJECT . . . . . . . . . . . . . . . . . . . . . . . . 1
CHAPTER 2 INTRODUCTION . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 2
2.1 Nuclear Fuel Types . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 2
2.1.1 Ceramic Nuclear Fuel . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 2
2.1.2 Non-Oxide Ceramic Fuels . . . . . . . . . . . . . . . . . . . . . . . . . . 3
2.1.3 Metallic Nuclear Fuel . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 4
2.2 Present Research for High Burnup Metallic Fuels . . . . . . . . . . . . . . . . . 6
2.3 Fast Breeder Reactor . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 7
2.3.1 Clementine Reactor . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 7
2.3.2 Experimental Breeder Reactor I . . . . . . . . . . . . . . . . . . . . . . . 8
2.3.3 Experimental Breeder Reactor II . . . . . . . . . . . . . . . . . . . . . . 8
2.3.4 Southwest Experimental Fast Oxide Reactor . . . . . . . . . . . . . . . . 8
2.3.5 Fast Flux Test Facility . . . . . . . . . . . . . . . . . . . . . . . . . . . . 9
2.4 Clinch River Demonstration Reactor . . . . . . . . . . . . . . . . . . . . . . . . 9
2.4.1 Integral Fast Reactor Concept . . . . . . . . . . . . . . . . . . . . . . . 10
CHAPTER 3 ALLOY DESIGN . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 12
iv
3.1 Uranium-Molybdenum-Titanium-Zirconium . . . . . . . . . . . . . . . . . . . 13
3.2 Uranium-Molybdenum-Tungsten System . . . . . . . . . . . . . . . . . . . . . 18
CHAPTER 4 LITERATURE REVIEW . . . . . . . . . . . . . . . . . . . . . . . . . . 21
4.1 Uranium Molybdenum System . . . . . . . . . . . . . . . . . . . . . . . . . . . 21
4.2 Uranium Titanium System . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 26
4.3 Uranium Zirconium System . . . . . . . . . . . . . . . . . . . . . . . . . . . . 27
4.4 Uranium Tungsten System . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 30
4.5 Ternary Relationships . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 31
4.6 Effects of Interstitials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 32
CHAPTER 5 METASTABILITY . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 33
5.1 Heterogeneous Nucleation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 36
5.2 Metastability and Uranium Alloys . . . . . . . . . . . . . . . . . . . . . . . . . 36
CHAPTER 6 ALLOY THEORY . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 40
6.1 Hume-Rothery Rules . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 42
6.2 Darken and Gurry Model and Diagram . . . . . . . . . . . . . . . . . . . . . . 43
6.3 Waber Modified Diagrams . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 43
6.4 Gschneidner Rules . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 44
6.5 Gschneidner Rules as Applied to Darken-Gurry Diagrams . . . . . . . . . . . . 44
6.5.1 Interstitials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 45
6.6 Miedema Modeling . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 46
6.7 Rules as Applied to Miedema Diagrams . . . . . . . . . . . . . . . . . . . . . . 47
6.8 Miedema Heat of Mixing Correlations . . . . . . . . . . . . . . . . . . . . . . . 47
6.9 Uranium Phase Descriptions and Modeling Data . . . . . . . . . . . . . . . . . 48
v
6.10 Modeling Diagrams for Uranium . . . . . . . . . . . . . . . . . . . . . . . . . . 49
CHAPTER 7 EXPERIMENTAL . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 57
7.1 Experimental Procedure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 57
7.2 Casting Procedure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 57
7.3 Chemical Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 60
7.4 Metallography . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 61
7.5 Environmental Scanning Microscopy and Energy Dispersive X-ray
Spectroscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 62
7.6 Optical Microscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 62
7.7 X-ray Diffraction Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 63
7.8 Differential Scanning Calorimetry . . . . . . . . . . . . . . . . . . . . . . . . . 64
7.9 Cooling Rate . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 65
CHAPTER 8 RESULTS . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 68
8.1 Uranium-M system where M was 50 wt. pct. Molybdenum, 43 wt. pct.
Titanium and 7 wt. pct. Zirconium System . . . . . . . . . . . . . . . . . . . . 68
8.2 X-ray Diffraction Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 68
8.3 Environmental Scanning Electron Microscopy and Energy Dispersive X-ray
Spectroscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 71
8.4 Optical Microscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 75
8.5 Differential Scanning Calorimetry . . . . . . . . . . . . . . . . . . . . . . . . . 77
8.6 Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 78
8.7 Uranium-Molybdenum-Tungsten System . . . . . . . . . . . . . . . . . . . . . 80
8.8 X-ray Diffraction Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 80
8.9 Environmental Scanning Electron Microscopy and Energy Dispersive X-ray
Spectroscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 81
vi
8.10 Optical Microscopy . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 86
8.11 Differential Scanning Calorimetry . . . . . . . . . . . . . . . . . . . . . . . . . 88
8.12 Discussion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 89
CHAPTER 9 CONCLUSIONS AND RECOMMENDATIONS . . . . . . . . . . . . . . 90
9.1 Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 90
9.2 Recommendations . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 91
REFERENCES CITED . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 95
APPENDIX A - LECO CS400 CARBON ANALYZER METHOD . . . . . . . . . . . 104
APPENDIX B - OPTICAL MICROSCOPY DATA USING ETCHING
PROCEDURE OUTLINED BY Howlett [68] . . . . . . . . . . . . . 108
APPENDIX C - ESEM MICROGRAPHS AND EDX SCANS OF URANIUM-M
SAMPLES THAT WERE POLISHED AND NOT ETCHED . . . . 113
APPENDIX D - LUMPED CAPACITANCE METHOD USING PYTHON
SCRIPTING LANGUAGE . . . . . . . . . . . . . . . . . . . . . . . 117
APPENDIX E - MIEDEMA METHOD OF CALCULATING ENTHALPY OF
FORMATION FOR TERNARY ALLOYS . . . . . . . . . . . . . . 122
E.1 Method of Calculating the Enthalpy of Mixing for Ternary Alloys Using
Miedema Theory . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 122
vii
LIST OF FIGURES
Figure 2.1 The relationship between fuel volume increase and fission gas release . . . . 5
Figure 3.1 An isothermal ternary equilibrium phase diagram of the
molybdenum-titanium-zirconium system at 600 ◦C. The blue area in
the ternary diagram was the γ phase field. The yellow areas were three
phase triangles. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 14
Figure 3.2 Binary equilibrium phase diagram of the uranium-zirconium system. . . . 15
Figure 3.3 Binary equilibrium phase diagram of the uranium-molybdenum system. . 16
Figure 3.4 Binary equilibrium phase diagram of the uranium-titanium system. . . . 17
Figure 3.5 Binary equilibrium phase diagram of the uranium-tungsten system. . . . 19
Figure 4.1 The Time-Temperature-Transition behavior of molybdenum. Data was
from Thyne and McPherson . . . . . . . . . . . . . . . . . . . . . . . . . 23
Figure 5.1 The Time-Temperature-Transition behavior of molybdenum. Data was
from Thyne and McPherson . . . . . . . . . . . . . . . . . . . . . . . . . 37
Figure 5.2 Time-Temperature-Transition data plotted against the cubic lattice
parameter of γ phase uranium. The data in black, red, and blue
correspond to molybdenum alloy additions of 18, 16, and 14 at. pct.
that were held constant while the ternary addition were changed. The
numbers at the end of each ternary addition correspond to the at. pct.
added to the uranium molybdenum base. The data showed that ternary
additions to the uranium-molybdenum alloy system caused lattice
contraction with increased addition increase metastability. The data
was from Donze and Cabane . . . . . . . . . . . . . . . . . . . . . . . . . 39
Figure 6.1 Thermal fission yield diagram of U235 indicating the ranges for atomic
weights of fission fragment elements. The left peak contained the light
fission fragment elements and on the right peak contained the heavy
fission fragment elements.
(http://www.world-nuclear.org/education/phys.htm) . . . . . . . . . . . . 41
viii
Figure 6.2 Darken-Gurry diagram that illustrated changes in electronegativity and
ionic radii between uranium phases. Note: Future diagrams displayed α,
β, and γ for the orthorhombic, tetragonal, and body centered cubic
crystal structures. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 49
Figure 6.3 Darken-Gurry diagram of the light fragment elements of U235 from
atomic mass 80 to 110 amu. . . . . . . . . . . . . . . . . . . . . . . . . . 50
Figure 6.4 Darken-Gurry diagram of the heavy fragment elements of U235 from
atomic mass 139 to 175 amu . . . . . . . . . . . . . . . . . . . . . . . . . 51
Figure 6.5 Lanthanide solubility showed using a Darken-Gurry diagram. The
diagram suggested immiscibility in γ phase uranium because the
elements sit outside the ellipses. . . . . . . . . . . . . . . . . . . . . . . . 52
Figure 6.6 Miedema-Chelikowsky interpretation applied to solutes with 5 at. pct.
solubility in uranium . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 53
Figure 6.7 Miedema diagram that used an enthalpy of mixing overlay to determine
substitutional solutes, potential intermetallic solutes, and eutectic
solutes for uranium as the solvent. . . . . . . . . . . . . . . . . . . . . . 54
Figure 7.1 A photo of a uranium-M casting where M was 50 wt. pct. molybdenum,
43 wt. pct. titanium, and 7 wt. pct. zirconium. The casting was roughly
2 inches long. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 58
Figure 7.2 An EDX scan that highlighted the difference between the raw data and
smoothed data using a Hamming lowpass filter coupled with an sinc
window during convolution of raw data. The smoothed data was black
and the raw data was blue. . . . . . . . . . . . . . . . . . . . . . . . . . . 63
Figure 7.3 X-ray diffraction analysis that showed the separation of epoxy spectra
from the alloy spectra. The lack of overlap between the epoxy spectra
and the alloy spectra allowed researcher to subtract the epoxy 2θ from
the analysis and decrease the run time of the experiment. . . . . . . . . . 64
Figure 7.4 The photograph showed a casting that has a Type K thermocouple
embedded in the center. The axial center was hard to achieve when
centering the thermocouple due to lack of control of the flow and
cooling of the casting. . . . . . . . . . . . . . . . . . . . . . . . . . . . . 65
Figure 7.5 Data describing the analytical and experimental thermal history of a
casting cooled to room temperature. . . . . . . . . . . . . . . . . . . . . 66
ix
Figure 8.1 X-ray diffraction data of uranium-M castings. The data showed all the
castings but U-5M were γ phase uranium. The casting U-5M contained
a mixture of γ and α phases. . . . . . . . . . . . . . . . . . . . . . . . . . 69
Figure 8.2 U-M as-cast (red) data compared to splat casting X-ray diffraction data
(black) from Sinha et al. . . . . . . . . . . . . . . . . . . . . . . . . . . . 70
Figure 8.3 EDX scan of ESEM micrograph of carbide in a uranium-10M wt. pct.
sample. The figure showed the facetted microstructure of a carbide in a
uranium-M alloy. The facetted carbides were believed to be
heterogenous nucleation sites for titanium and zirconium to fall out of
solution with uranium and molybdenum. . . . . . . . . . . . . . . . . . . 73
Figure 8.4 ESEM micrograph and EDX scan of a uranium-10M wt. pct. sample.
The figures showed the change in chemical composition across different
carbides. In addition, the micrograph and scan showed the
concentration distribution of the elements in solution. . . . . . . . . . . . 74
Figure 8.5 ESEM Micrograph of a uranium-5M wt. pct. sample. The micrograph
showed titanium and zirconium phase formation at the grain
boundaries of the casting. . . . . . . . . . . . . . . . . . . . . . . . . . . . 75
Figure 8.6 All optical micrographs were captured at 500x. a. Optical micrograph
of a uranium-5M sample that showed segregation at both the grain
boundary and with in the grain. The precipitates were black and light
blue in color b. Optical micrograph of a uranium-7.5M alloy. c. Optical
micrograph of a uranium-10M alloy. d. Optical micrograph of a
uranium-12.5M alloy. e. Optical micrograph of a uranium-15M alloy. . . . 76
Figure 8.7 The results of DSC analysis of uranium-M alloys where M was 50 wt.
pct. molybdenum, 43 wt. pct. titanium, and 7 wt. pct. zirconium. The
plot was presented as an isopleth. . . . . . . . . . . . . . . . . . . . . . . 79
Figure 8.8 XRD data for the uranium-molybdenum-tungsten system that
confirmed all alloys in the test matrix were metastable to room
temperature in the γ phase. . . . . . . . . . . . . . . . . . . . . . . . . . 80
Figure 8.9 ESEM micrograph and EDX scan of a U-7Mo-3W wt. pct. casting. The
data was used qualitatively evaluate the miscibility of tungsten and
molybdenum in an undissolved tungsten particle . . . . . . . . . . . . . . 82
Figure 8.10 ESEM micrograph and EDX scan of a U-7Mo-3W wt. pct. casting. The
data was used to qualitatively evaluate the effect of carbon on tungsten
and molybdenum segregation. . . . . . . . . . . . . . . . . . . . . . . . . 83
x
Figure 8.11 ESEM micrograph and EDX scan of a U-7Mo-3W wt. pct. casting. The
Micrograph highlighted the rinds of molybdenum and tungsten about
the carbide. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 85
Figure 8.12 a. Optical micrograph of a uranium 10 wt. pct. molybdenum 2.5 wt.
pct. tungsten alloy. The precipitates were black and light blue in color
b. Optical micrograph of a 10 wt. pct. molybdenum 5 wt. pct. tungsten
alloy. c. Optical micrograph of a 10 wt. pct. molybdenum 7.5 wt. pct.
tungsten alloy. The alloy was difficult cast and mixed poorly. d. Optical
micrograph of a uranium 7 wt. pct. molybdenum 3 wt. pct. tungsten
alloy. e. Optical micrograph of a uranium 9 wt. pct. molybdenum 1 wt.
pct. tungsten alloy. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 87
Figure 8.13 Differential scanning calorimetry data for U-10Mo-2.5, 5, 7.5W wt. pct.
alloys. The data showed temperature variation of the solidus of the low
solubility of tungsten in uranium. . . . . . . . . . . . . . . . . . . . . . . 88
Figure B.1 An optical micrograph of a 15 wt. pct. M uranium alloy illustrated
cooling history of casting. The whitish area of the micrograph was
mostly γ phase, the black and blue areas composed of dots and free
dendrites of mostly a titanium and zirconium rich area in black with
U2Ti intermetallic in blue, and the light yellow areas were transformed
γ phase. . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 109
Figure B.2 An optical micrograph of a 12.5 wt. pct. M uranium alloy. The
micrograph showed both γ phase and less α phase and no dendrites.
U2Ti intermetallic was dotted across the micrograph. . . . . . . . . . . 109
Figure B.3 An optical micrograph of a 10 wt. pct. M uranium alloy. The whitish
area between the brownish α phase cells was γ phase. The location of
the U2Ti was mostly within the α phase cell. The blue area was U2Ti
intermetallic that precipitated at the eutectoid onset temperature. . . . 110
Figure B.4 An optical micrograph of a 7.5 wt. pct. M uranium alloy. The casting
contained γ phase and acicular α phase grains and secondary dendrite
growth. The dendrites and acicular α phase grains reflected the
direction of heat flow or heat extraction from the casting. . . . . . . . . 111
Figure B.5 An optical micrograph of a 5 wt. pct. M. This micrograph consisted of
mostly α phase and transformed γ phases. In addition, there were
dendrites of zirconium and titanium with U2Ti intermetallic. The
decomposition of the γ phase was reflected by prior γ grain boundaries. 111
Figure C.1 An ESEM micrograph of a U-10 wt. pct. M alloy at 1000x. . . . . . . . 114
xi
Figure C.2 An EDX scan of a U-10 wt. pct. M alloy at 1000x . . . . . . . . . . . . 114
Figure C.3 An ESEM micrograph of a U-7.5 wt. pct. M alloy at 1000x. . . . . . . 115
Figure C.4 An EDX scan of a U-7.5 wt. pct. M alloy at 1000x. . . . . . . . . . . . 115
Figure C.5 An ESEM micrograph of a U-5.0 wt. pct. M alloy at 1000x. . . . . . . 116
Figure C.6 An EDX scan of a U-5.0 wt. pct. M alloy at 1000x. . . . . . . . . . . . 116
xii
LIST OF TABLES
Table 6.1 Table of Alloying Factors . . . . . . . . . . . . . . . . . . . . . . . . . . . . 56
Table 7.1 Table of Differential Scanning Calorimetry Comparison between Sample
Sectioned from Top and Bottom of Cast Cylinder . . . . . . . . . . . . . . . 59
Table 7.2 Table of Differential Scanning Calorimetry Results . . . . . . . . . . . . . . 59
Table 7.3 Results of Chemical Analysis of U-M alloys - wt. pct. . . . . . . . . . . . . 60
Table 7.4 Results of Chemical Analysis of U-Mo-W alloys - wt. pct. . . . . . . . . . . 60
Table 7.5 Results of Carbon Analysis of Alloy Additions - wt. pct. . . . . . . . . . . 61
Table 8.1 Enthalpy of Formation data at 298.15 K from Schick . . . . . . . . . . . . . 72
Table 8.2 Table of Differential Scanning Calorimetry Results . . . . . . . . . . . . . . 78
Table 8.3 Table of Differential Scanning Calorimetry Results . . . . . . . . . . . . . . 89
xiii
ACKNOWLEDGMENTS
This project would never have succeeded without support from my parents, Sherry and




The objective of this research was to investigate the phase relationships of unexplored
uranium alloys as potential nuclear fuel candidates for the Experimental Breeder Reactor II
or EBR-II at Idaho National Laboratory. The investigation employed thermophysical prop-
erty measurements to determine phase behaviors and transition temperatures. The results
based objectives of this project were to discover and recommend an alloy system that lowered
the onset temperature of the γ phase formation comparable to or better than the uranium-10
wt. pct. molybdenum alloy, offer a solidus temperature as high or higher than uranium-10
wt. pct. zirconium, and stabilize the fuel phase against interaction with iron and steel at
least as much as uranium-10 wt. pct. zirconium stabilizes the fuel phase.
New alloy compositions were investigated to assess the thermal equilibrium boundaries
of the the γ phase field. The two systems of interest were uranium- X wt. pct. M where
M was (50Mo-43Ti-7Zr). X ranged between to 5-15 wt. pct M. The molybdenum-titanium-
zirconium ratio was held constant. The ratio was chosen because it may yield a low onset
temperature for the Bcc phase(below 600 ◦C) and elevate the solidus temperature (1200 to
1350 ◦C). The second system of interest was the uranium-molybdenum-tungsten system in
the range 90 wt. pct. uranium - 10 wt. pct. molybdenum - 0 wt. pct. tungsten to 80 wt. pct.
uranium - 10 wt. pct. molybdenum - 10 wt. pct. tungsten.
The carbon content of the as-cast alloys was about found to be between 0.141 to 0.211
wt. pct. and the research was later directed to determine the interaction of carbon on the
alloy systems investigated.
The as-cast alloys were interrogated using environmental scanning electron microscopy
and energy dispersive X-ray spectroscopy, X-ray diffraction analysis, optical microscopy,




The introduction briefly discussed fast breeder reactor development in an effort to drive
the point that fuel element design controlled the capabilities of the reactor. Advances in
metallic reactor fuel development with respect to longevity of the fuel cycle increased eco-
nomic potential of nuclear fission for power. The Introduction was separated into two sections.
The first section addressed nuclear fuel types and the goals for future metallic nuclear fuels.
The second section addressed fast breeder reactor development in the United States and
concluded with the Integral Fast Reactor Concept. The Integral Fast Reactor Concept set
several design criteria for the EBR-II. The most significant design criteria with respect to
the current research was the decision to use metallic fuel alloys within the reactor core.
2.1 Nuclear Fuel Types
The following section included a brief discussion of ceramic nuclear fuel, non-oxide ceramic
nuclear fuel, and metallic nuclear fuel,. The goal was to supply information about different
fuel types in order to highlight the importance of metallic nuclear fuel development. The
relative ease of reprocessing, interconnectivity of porosity during swelling, and potential
high atomic percent burnup contributed to choice of metallic fuel for further development.
2.1.1 Ceramic Nuclear Fuel
Uranium oxide (UO2) fuels were the most common fuels found in reactors for nuclear
power. Mixed uranium and plutonium oxide (MOX) fuel was the ceramic fuel with the most
intensive development for fast breeder reactor applications. MOX had cubic structure and
could accommodate a variable oxygen-to metal ratio to tune the properties of the fuel. In
addition, UO2 and PuO2 had similar properties and were soluble in one another. Ceramic
fuels had high melting points (UO2=2800
◦C), low thermal conductivity, and good chemical
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stability. Low thermal conductivity resulted in operating conditions with high thermal gra-
dients from the fuel surface to the center [2]. The high thermal gradients caused the fuel to
restructure during irradiation that resulted in migration of fission products down the thermal
gradient.
Oxide fuels released gaseous fission products through fractures rather than swelling like
metallic fuel. The release of the the fission gas from the fuel led to the development of a
plenum to contain volatile decay products within the cladding upon release. Less desirable
attributes of the oxide fuels were their low fissile atom density and the presence of two
moderating atoms for each metal atom. Excess moderating atoms were not optimal for
breeding of plutonium. Considerable effort was set forth to study alternative ceramic fuels
of the general formula (U,Pu)X where X=C,N,S, or P. [2]
2.1.2 Non-Oxide Ceramic Fuels
Non-oxide ceramic fuels had high melting points and higher thermal conductivities than
MOX. Non-oxide ceramic fuels had one moderating atom per molecule leading to a fissile
atom density that was higher than oxides. Non-oxide ceramic fuels achieved between 10
and 20 atomic pct. burnup in helium bonded pins without failure [2]. Carbide and nitride
fuels emerged and were attractive compounds because of ease of fabrication and material
properties. There were three carbides of uranium UC, U2C3, and UC2. UC was the favored for
breeder reactor applications because of low concentration of moderating atoms. Compared
to UO2, UC has a metal atom density of 12.7 g/cm
3 compared to 9.6 g/cm3 for oxide fuel
and a factor of five higher thermal conductivity. The higher thermal conductivity resulted
in lower center temperatures [2, 3].
Mononitride uranium-plutonium fuel had a thermal conductivity 10 - 15 times higher
than oxide fuel. Nitrides were not as reactive as carbide fuels and were relatively easy to
fabricate since plutonium only forms mononitride. Higher nitrides of uranium,UN2 and UN
were unstable and easy to dissociate by high temperature treatment in an inert environment.
A drawback of nitride fuels were the formation of radioactive C14 and parasitic absorption
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of fast neutrons by N14 [2, 3].
2.1.3 Metallic Nuclear Fuel
The first prototype breeder reactors were constructed from 1945-1960 and used metallic
fuel. Operating experience gained with various test reactors showed that metal fuel element
designs available at the time could not operate reliably to the high burnups and high tempera-
tures required for central station power breeder reactors. The main issue with early metallic
nuclear fuel was dimensional stability. Dimensional instability in uranium and plutonium
metal fuels was due anisotropic growth and swelling during irradiation. Swelling of metallic
fuel during irradiation was attributed to the volume increase caused by fission products in
the solid and nucleation and growth of bubbles from volatile fission products. Minimization
of anisotropic irradiation growth in metal fuels was achieved by using fine grained randomly
oriented alpha-phase material or by using a fuel alloy that was γ phase uranium or the δ
phase plutonium over the range of operating temperatures.
Metastable γ phase uranium alloys provided the most practical solid metallic fuel mate-
rial that would be resistant to anisotropic irradiation growth and swelling. Uranium alloys
containing ten wt. pct. molybdenum were chosen for intensive development in France, for-
mer Soviet Union, the United Kingdom, and the United States [4]. Initial investigation of
uranium-molybdenum alloys demonstrated they had resistance to anisotropic growth. The
resistance to high temperature swelling was related to fission rate and irradiation temper-
ature. Instability due to high temperature swelling was attributed to thermally induced
transformation of the γ phase to α and δ phases and irradiation induced reversion to the γ
phase [4]. Data from uranium-molybdenum alloy research resulted in criteria for operating
temperatures that avoid excessive fuel swelling. The fuel alloy operating temperature was
not to exceed 650 ◦C at fission rates below 8 x 1013 fissions/cm3s. The maximum cladding
temperature was set to 480 ◦C.
Several elements were explored as potential alloy additions to the uranium plutonium
system. The alloy additions include chromium, molybdenum, and titanium. All resulted in
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increase melting temperature. Zirconium addition was unique because it enhanced compati-
bility between the fuel and austenitic stainless steel cladding materials. Addition of zirconium
to the alloy system suppressed interdiffusion of fuel with cladding components. Without zir-
conium, the cladding elements nickel and iron readily diffused into the fuel to form compo-
sitions that result in lowered solidus temperature. If the solidus temperature was exceeded
during an off normal event, the cladding would fail due to penetration by the liquid. If the
zirconium content was too high the melting temperature would present difficulties during
processing. [4]
Researchers achieved nineteen atomic percent burnup by allowing sodium bonded fuel
to swell approximately thirty percent within its cladding. At thirty percent swelling, pores
were interconnected to the fuel surface so that volatile fission products were released to a
fuel element plenum space. Figure 2.1 showed the relationship between fuel volume increase










































Fuel Volume and Fission Gas Data
Figure 2.1: The relationship between fuel volume increase and fission gas release [4].
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The fission gas release increased rapidly up to thirty percent fuel-volume increase. [2]
Metallic fuel could be developed with higher burnup and capacity factor that would
decrease the number of fueling shutdowns. Fewer defueling shutdowns led to a reduction in
operating costs of reactors. [4]
A major concern with metallic fuel was the potential for liquid-phase penetration of the
cladding at temperatures at or above the eutectic temperature of the fuel cladding chemical
interaction point during swelling. Eutectic liquefaction was the term given to the formation
of low melting point phases at the fuel/cladding interface. The phases were formed by the
interdiffusion of iron and nickel from the cladding and uranium from the fuel that formed
an alloy at the interface. The eutectic temperature varied with fuel and cladding type.
The cladding acted as a barrier to the release of radioactive materials. The two cladding
materials used for IFR fuel pins were ferritic-martensitic HT-9 steel and austenitic alloy
Type 316 stainless steel. Most of the mechanisms leading to cladding rupture were related to
plastic strain and associated with an increase in gas pressure in the pin and not fuel cladding
mechanical interaction. An important factor in determining cladding strength was the loss
of cladding thickness due to wastage. Cladding wastage included scratches on the cladding
surface, solid state diffusion of fuel constituents and lanthanide fission products into the
cladding, and eutectic liquefaction at the fuel-cladding interface. [5]
2.2 Present Research for High Burnup Metallic Fuels
Recent research was directed toward fuel characteristics that facilitate ultra-high burnup
of 30-40 atomic percent heavy metal burnup. Ultra-high burnup fuels hold significant po-
tential for economic gains and reduced footprint of long-term wastes. Research innovations
with respect to metallic fuel include decreased fuel smear density, annular fuel compared to
solid rod fuels, coatings or liners on inner cladding walls, vented fuel pins, advanced fab-
rication methods, targeted fuel alloy additions, U-Mo based fuel alloys, and compatibility
with an electrochemical fuel recycle [6]. The research directed at Colorado School of Mines
was focussed on development uranium-molybdenum based alloys as candidates for ultra high
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burnup fuels.
2.3 Fast Breeder Reactor
The Fast Breeder Reactor Subsection briefly discussed fast breeder reactor development
in the United States. Research into plutonium production for atomic weapons was directed
by Nobel Laureate Arthur H. Compton at University of Chicago after December 7, 1941.
Compton’s facility, the Metallurgical Laboratory, was the precursor Argonne National Lab-
oratory. Scientists led by Enrico Fermi built the first nuclear reactor called Chicago Pile-1
(CP-1), which achieved criticality on December 2, 1942. Plutonium production reactor devel-
opment shifted to Oak Ridge, Tennessee and then Hanford, Washington during the next two
years. The conclusion of World War II led to discussions of applications for nuclear fission
for heat and lighting of cities [7].
The concept of the breeder reactor was developed at a time when it was thought that
existing stocks of uranium ore were scarcely large enough to sustain production of weapons
without considering allocation of uranium for power plants. Enrico Fermi and Walter Zinn
recognized reactor configurations that held potential of generating more fissile material than
was consumed [7]. The term ”breeder reactor” was developed from their idea. Breeder reactor
development in the United States had several paths that included methods to transmute
thorium-232 to uranium-233 and uranium-238 to plutonium-239 as separate cycles [8].
2.3.1 Clementine Reactor
The Clementine reactor was a fast neutron reactor but not a breeder reactor. It was
developed at Los Alamos National Laboratory after World War II [7, 8]. The thermal power
output was 25 kW. The reactor core consisted of metallic plutonium and was cooled with
liquid mercury. The reactor began operation in 1948 and was shut down in 1954 after the
rupture of a fuel element. The plutonium slug swelled, burst the cladding, and released
plutonium into the mercury coolant [7].
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2.3.2 Experimental Breeder Reactor I
The Experimental Breeder Reactor I (EBR-I) was the first fast breeder reactor. It was
built at the National Reactor Testing Station in Idaho. The reactor was designed at Ar-
gonne National Laboratory. It went critical in August of 1951. The original core consisted of
uranium-235 metal rods, surrounded by a primary breeding blanket of uranium-238 rods, and
a second blanket of uranium-238 bricks. The coolant was provided by the sodium-potassium
eutectic. The reactor produced 1.4 MW of heat that was converted to electricity. The reactor
underwent a partial meltdown on November 29, 1955 because of temperature induced bowing
of fuel rods led to positive reactivity feedback that resulted in excessive power overshoot and
melted the fuel. The damaged core was removed from EBR-1 and several other cores were
tested. The reactor was shut down in 1964 [7, 8].
2.3.3 Experimental Breeder Reactor II
Experimental Breeder Reactor-II (EBR-II) was the most successful of the U.S. fast re-
actors. It was a 62.5 MWt, 20 megawatt electric (MWe), sodium-cooled, pool-type reactor.
The heat exchangers for transferring heat to a secondary loop of liquid sodium were sub-
merged in the reactor vessel. The reactor was designed by Argonne National Laboratory
and constructed, beginning in June 1958, at Idaho National Laboratory. Criticality at low
power without sodium coolant was achieved on September 30, 1961. Criticality with sodium
coolant was achieved on November 11, 1963. Design power was achieved on September 25,
1969. EBR-II demonstrated the feasibility of a sodium-cooled fast breeder reactor operating
as a power plant. It operated initially with metallic fuel. An additional feature was that it
had an adjoining Fuel Cycle Facility that permitted continuous reprocessing and recycling
of fuel to keep the working inventory down [7, 8].
2.3.4 Southwest Experimental Fast Oxide Reactor
The Southwest Experimental Fast Oxide Reactor was located near Strickler, Arkansas.
SEFOR was built and operated for the Atomic Energy Commission by General Electric
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Company. The reactor was a 20 MWt sodium-cooled MOX-fueled reactor. The reactor was
not designed to produce electricity. The reactor was used to confirm the negative temperature
coefficient of reactivity associated with the use of mixed-oxide fuels that might improve the
safety of fast reactors under accident conditions involving increased fuel temperature. It
began operation in May 1969 and was shut down in 1972 [7, 8].
2.3.5 Fast Flux Test Facility
The Fast Flux Reactor Test Facility was a 400 MWt loop type sodium-cooled, MOX-
fueled fast reactor with no blanket for breeding additional plutonium. The reactor was com-
pleted in 1978 and criticality was achieved in 1980. The reactor operated until 1992 and
tested experiments designed to verify the ability to passively remove radioactive decay heat
from a reactor core by convection of liquid-sodium coolant. December 1993 the reactor was
deactivated [7, 8].
2.4 Clinch River Demonstration Reactor
The Clinch River Breeder Reactor originally was going to be the first Liquid Metal Fast
Breeder Reactor demonstration plant. It was authorized in 1969 and was to be financed
largely by the federal government. The project was to be fully operational by 1979. The
plant was going to be located at the Clinch River on an Atomic Energy Commission site
at Oak Ridge, Tennessee. It was designed to output 975 MWt and electrical generating
capacity of 350 MWe. The reactor was a loop-type sodium-cooled, MOX fueled plutonium
breeder. Political opposition due to economic, nonproliferation, and safety concerns began to
surface in 1972. March 24, 1977, President Jimmy Carter deferred commercial reprocessing
and plutonium recycling in the United States. In addition, and licensing for construction of
the reactor was also deferred [7].
In 1983, President Ronald Reagan initiated the process for licensing construction of the
reactor. At the conclusion of 1982, the reactor was mostly complete and most components
were purchased or ordered. October 23, 1983, Congress eliminated funding for the Clinch
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River Demonstration Reactor. December 15, 1983, the Nuclear Regulatory Commission ter-
minated licensing for construction and ended the Limited Work Authorization granted the
previous year. Breeder reactor development ended in the United States. The initial budget
estimate for the reactor was $699 million in 1972 and by 1983 $1.7 billion had been spent
and the cost increased had risen to $4 billion [8].
2.4.1 Integral Fast Reactor Concept
The Integral Fast Reactor Concept addressed innovation in safety, plant design, fuel de-
sign, and actinide recycling [5]. In 1983, Argonne National Laboratory (ANL) developed the
Integral Fast Reactor concept at the Experimental Breeder Reactor-II (EBR-II), that was ca-
pable of reprocessing by electrorefining and pyroprocessing fuel which separated most fission
products from the fuel onsite. EBR-II would also generate electricity and breed plutonium
from depleted uranium [4]. The plant was a U.S. Department of Energy facility located at
Idaho National Laboratory and was operated by Argonne National Laboratory. The primary
objectives of the EBR-II facility were to establish feasibility of fast reactors as power plants
and to demonstrate non-aqueous techniques for onsite recycling of spent fuel [4].
Design choices for the EBR-II included metallic fuel, an arrangement of the core and
heat exchanger that facilitated reactor cooling on loss of power, the ability to store spent
fuel in the tank while the reactor was operating. Additional design choices included the use
of passive devices to remove decay heat from the core. High heat transfer of both fuel and
coolant led to low stored energy [4].
In 1984, a program was initiated to prove the commercial feasibility of the IFR con-
cept that included a requirement of U-Pu-Zr fuel to burnup al least ten atomic percent. In
1985, irradiation of U-Pu-Zr fuel began at EBR-II and burnup of 18.4 atomic percent was
achieved. The initial swelling of the fuel up to the fuel/cladding contact was anisotropic with
the radial component of expansion more than twice as large as the axial component. The
anisotropic expansion led researchers to develop alloys that had similar thermal properties to
the uranium-zirconium system but retained a higher symmetry phase such that the swelling
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The impetus for the current research was to develop uranium-molybdenum based fuels
with a higher solidus temperature than uranium-molybdenum alloys and lower the eutec-
toid temperature with the result of broadening the γ phase field. Stabilization of the body
centered cubic phase (γ phase uranium) excluded anisotropic fuel expansion. The solidus
temperature was raised uniformly in the fuel slug to protect against high-temperature off-
normal events. Lowering the onset temperature of and stabilizing the Bcc phase through
alloying was important to avoid anisotropic fuel swelling over reactor fuel pin temperatures.
Alloy additions were used to increase the solidus temperature and retard interactions with
fuel cladding. Chromium, molybdenum, titanium, and zirconium additions have increased
the melting temperature when added to uranium-plutonium alloys. Zirconium enhanced
compatibility between the fuel and stainless steel cladding materials. Without zirconium alloy
addition, the cladding elements nickel and iron diffused into the fuel and formed compositions
that lowered the solidus temperature adjacent to the cladding. [9]
Metallic nuclear fuels were subjected to a radial thermal gradient under irradiation.
The thermal gradient can act as a driving force for chemical redistribution within metallic
fuel alloy, specifically the uranium-zirconium and uranium-plutonium-zirconium systems [10,
11]. The resultant thermochemical gradient, caused constituent migration in the fuel that
created fuel properties that vary markedly between the center and periphery of the fuel
slug. Porter et al. [12] observed that changes in phase occurring radially along the thermal
gradient contributed to constituent migration. The solubility of the components of the alloy
were dependent on the phase and the difference in activity of the alloy constituents within
each phase contributed to constituent migration at the phase boundaries within the fuel.
The phase changes resulted in anisotropic fuel swelling and increased the probability of
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FCCI. Broadening the γ phase field over the temperature range of the fuel pin by lowering
the eutectoid temperature or increasing induction time of the phase transition from the γ
phase would eliminate anisotropic swelling and the reduce constituent migration by slowing
phase transitions within the fuel. Developing a fuel that maintained a single γ phase would
contribute to increased life of the fuel.
3.1 Uranium-Molybdenum-Titanium-Zirconium
There were three allotropes of uranium: orthorhombic U(α), tetragonal U(β), and body
centered cubic (Bcc) U(γ) [13]. Transition metals in Groups V through VIII have exhibited
varying degrees of effectiveness in stabilizing the γ phase [14]. Titanium and zirconium had
two allotropes: hexagonally closed packed Ti, Zr(α) and Bcc Ti,Zr(β). Molybdenum was Bcc
from solidus to room temperature. Alloying titanium, molybdenum and zirconium together
with 7.5 wt. pct. molybdenum caused metastable retention of the Bcc or β-phase of titanium
and zirconium at room temperature [15, 16]. Ho et al. [15] found that titanium-zirconium-
molybdenum alloys with trace amounts of carbon exhibited excellent high temperature tensile
strength and creep resistance suitable up to temperatures of 1200 ◦C. Figure 3.1 showed that
at 600 ◦C the Bcc phase field of the molybdenum-titanium-zirconium ternary diagram was
large [17]. A possible range of alloy compositions containing titanium, molybdenum, and
zirconium, alloyed with uranium, could extend the γ phase to lower temperatures relative to
the uranium-zirconium and uranium-zirconium-plutonium alloy systems. The combination of
data from Prokoshkin and Zakharova [17] and Ho et al. [15] suggested that the combination
of molybdenum, titanium, and zirconium alloyed with uranium could stabilize the γ phase
to room temperature and lower the eutectoid temperature. Mariani et al. [18] suggested that
the solidus transition temperature will increase the by addition of titanium and zirconium.
Mariani et al. [19] reported that improved chemical stability due to broadening of the
γ phase field would reduce fuel cladding chemical interaction (FCCI) especially when intro-
ducing transuranics (TRUs) that formed low melting eutectics with iron.
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Figure 3.1: An isothermal ternary equilibrium phase diagram of the molybdenum-titanium-
zirconium system at 600 ◦C. The blue area in the ternary diagram was the γ phase field.
The yellow areas were three phase triangles. [17]
Figure 3.2 showed that a uranium-10 wt. pct. zirconium alloy was favored in the past
because additions of small amounts of zirconium (up to 10 wt. pct.) raise the solidus tem-
perature significantly from that of unalloyed uranium.
The increase in solidus temperature was important because the addition of TRUs specif-
ically plutonium and neptunium lowered the solidus temperature of the fuel [13]. Lowering
the solidus of the fuel candidate increased FCCI potential and low temperature eutectics
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Figure 3.2: Binary equilibrium phase diagram of the uranium-zirconium system.[20]
with iron. A drawback of using U-10Zr fuel was that it had constituent migration and did
not exhibit a single phase at temperatures of 450 ◦C. Zirconium migrates radially in the
presence of the thermal gradient and under irradiation [12, 21]. Zirconium was body cen-
tered cubic at temperatures above 863 ◦C. The addition of zirconium to uranium elevates
the melting temperature of the alloy.
Figure 3.3 showed the uranium-molybdenum system had a broad Bcc ((U) ht1) field.
The γ phase of the uranium-molybdenum system had good thermal conductivity but the
melting point of the alloy system was not much different from uranium which significantly
reduced the safety margin when TRUs were added [19, 22]. Increasing the concentration of
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molybdenum in the uranium alloy decreased the solvus temperature to a eutectoid at 550 ◦
C and 22 at. pct. molybdenum.
Figure 3.3: Binary equilibrium phase diagram of the uranium-molybdenum system. [22]
Figure 3.4 showed that with the addition of titanium to uranium the solidus increases in
a similar manner as the addition of zirconium to uranium. Zirconium and titanium exhibited
similar alloy behavior in uranium but zirconium had a significantly higher melting temper-
ature than titanium. The addition of a small amount of zirconium had a similar effect as
adding a larger amount of titanium.
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Figure 3.4: Binary equilibrium phase diagram of the uranium-titanium system. [23]
Molybdenum, titanium, zirconium had equilibrium segregation coefficients, k, that were





where Cs was the concentration of the solute in the solid and Cl was the concentration of the
solute in the liquid during equilibrium solidification. A segregation coefficient greater than
1 suggested that the solutes molybdenum, titanium, and zirconium prefer to segregate into
the solid over the liquid during solidification. The segregation of the solute into the solid
during solidification caused the liquid to remain molten at temperatures below the solidus
curve suggested during equilibrium solidification. The segregation led to undercooling during
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solidification.
The combination of a large Bcc phase field at or below fuel pin temperatures of 700 to 450
◦C made the Mo-Ti-Zr system a potential candidate for alloying with uranium to expand
the γ phase field. The presence of carbon within the system could render it sensitive to
heterogenous nucleation about carbides causing phase separation of titanium and zirconium
from uranium and molybdenum. Phase separation allowed the equilibrium transition from
β to α zirconium and titanium instead of retaining the metastable β phase.
The initial candidate for the uranium-molybdenum-titanium alloy system has a compo-
sition of 50Mo-43Ti-7Zr in wt. pct. or Mo35Ti60Zr5 in at. pct. Combination of this alloy with
uranium would lower the Bcc onset temperature while raising the solidus temperature. The
zirconium and titanium would raise the solidus temperature and molybdenum would lower
the Bcc onset temperature. A low γ phase transition temperature for the cubic phase would
result in uniform fuel properties, radially and axially, with respect to swelling. The higher
solidus temperatures were to accommodate the addition of plutonium and neptunium into
the alloy for burning.
3.2 Uranium-Molybdenum-Tungsten System
The uranium-molybdenum system was the basis for a new ternary alloy, uranium-molybdenum-
tungsten, provided the ternary alloy can be prepared in such a way that increased the solidus
temperature.
Phase diagram analysis showed that tungsten alloy additions were interesting because
no phase diagram for the uranium-molybdenum-tungsten system was present in the liter-
ature. Figure 3.5 suggested a small addition of tungsten to uranium increased the solidus
temperature relative to the uranium-molybdenum binary phase diagram.
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Figure 3.5: Binary equilibrium phase diagram of the uranium-tungsten system. [24]
Tungsten was body-centered cubic to room temperature and could lower the onset tempera-
ture of the γ phase in the ternary system. The solidus temperature for the uranium-tungsten
system was slightly depressed for high uranium fractions; the solidus temperature increased
up to 1160 ◦C with the addition of 2.5 wt. pct. tungsten which resulted in a sharp in-
crease in solidus. The sharp increase in solidus suggested a a stronger cohesive energy for
the uranium-tungsten system than the uranium-molybdenum system. Figure 3.3 showed
the uranium-molybdenum binary phase diagram. The solidus of the uranium-molybdenum
system showed that it was depressed in the uranium-rich region of the phase diagram; the
solidus temperature rose to 1284 ◦C after the molybdenum fraction reaches 37 wt. pct. (59
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at. pct.). At 16 wt. pct. molybdenum (32 at. pct.), the liquidus rose almost ideally from 1284
◦C to the melting point of molybdenum. The low solidus temperature indicated a relative





The Literature Review discussed past and current research into uranium alloy develop-
ment of metallic nuclear fuel candidates. The review section was divided into alloy systems
that consisted of uranium-molybdenum, uranium-titanium, uranium-zirconium, uranium-
tungsten alloy systems. Additionally, ternary alloys and the effects of interstitials were briefly
discussed.
4.1 Uranium Molybdenum System
Research into uranium-molybdenum systems was extensive dating from the 1945 to
present. Lehmann and Hills [25] established notation and nomenclature for the phases of
uranium distorted by the addition of molybdenum because of an abundance of information
but lack of uniform nomenclature between published research. They established an agreed
nomenclature for the phases of the uranium-molybdenum alloys.
Tangri and Williams [26] reported the response of phase transitions to thermal treatments
of uranium-molybdenum alloys. Alloys containing up to 11 atomic percent molybdenum
when water quenched from temperatures within the γ phase field were considered ”α-phase”
alloys since the structures of the metastable phases are slight variations of the orthorhombic
lattice structure. Uranium-molybdenum alloys containing greater than 11 atomic percent
molybdenum were considered ”γ phase” alloys because the structures after quenching were
deviations from the body-centered cubic high temperature γ phase in pure uranium. The
results showed that during the transformation to metastable α’ structure from the γ phase
during quenching, the alloy went through two transition structures γ0 and α”. The mode
of formation of the metastable α’, α”, and γ0 structures and their relationship to cooling
rates was a balance between lattice stiffening due to molybdenum addition and the effect of
cooling rate that favored shear or thermal transformation.
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Hills et al. [27] researched the decomposition of the γ phase in uranium-low molybdenum
alloys. The researchers concluded that the structure obtained in these alloys on cooling from
the γ phase depended on the composition, cooling rate, and grain size of the original γ-grain.
Alloys containing 2.5 to 15 at. pct. molybdenum were quenched at cooling rates varying from
direct quenching to radiation cooling. The results were studied using metallographic, X-ray,
and vickers hardness techniques.
Annealing studies of uranium-molybdenum alloys were conducted by May [28]. The an-
nealing studies looked at reactions for age-hardening in the supersaturated αb′ phase, over-
aging with recrystalization and discontinuous precipitation of non-equilibrium γ phase, and
a second recrystallization with simultaneous re-dissolution and re-precipitation of pearlitic
structure.
Research of low molybdenum-uranium alloys, cooling from the γ phase field, depended
on both cooling rate and the original grain size was further conducted by Hills et al. [29].
They investigated phase transitions from the γ phase with compositions ranging from 0.9-
4.17 at. pct. molybdenum. It was concluded that alloys containing 2.5 at. pct. or more of
molybdenum transform directly from γ to α or α+γ phases.
Thermodynamic calculations of enthalpy and free energy of the metastable γ phase for
uranium-molybdenum alloys was conducted by Parida et al. [30] γ . The samples were water
quenched from the γ phase region after vacuum annealing in quartz ampoules for 150 h
at 1223 K. The samples were analyzed for retention of the γ phase by X-ray diffraction
and optical microscopy. A Calvet calorimeter was used to measure incremental changes in
enthalpy by the heat flow through a temperature range of 299.0-823.6 K.
Thyne and McPherson [31] researched the transformation kinetics of uranium-molybdenum
alloys. The researchers used resistivity data to construct Time-Temperature Transition curves
with increasing addition of molybdenum to uranium. Figure 4.1 showed that the increased
addition of molybdenum to uranium increased transition times from the metastable γ phase
to the equilibrium α-phase.
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Time Temperature Transition - Uranium-Molybdenum
Figure 4.1: The Time-Temperature-Transition behavior of molybdenum. Data was from
Thyne and McPherson [31]
Burkes et al. [32] compiled thermo-physical properties of depleted uranium with a 10 wt.
pct. addition of molybdenum. The properties compiled include specific heat capacity, coef-
ficient of linear thermal expansion, density, and thermal conductivity. The characterization
data was used to update data complied from the 1960’s and 1970’s. The updated data was
used for modeling efforts with respect to effectively predicting fuel behavior under normal
and off normal irradiation conditions.
Mechanical properties of annealed and rolled depleted uranium alloyed with molybdenum
were researched by Burkes et al. [33]. The samples were subjected to various post-processing
treatments using micro-hardness, quasi-static tensile tests, and scanning electron microscopy.
Micro-hardness was unaffected by to annealing temperature but decreased with annealing
duration. Yield strength, Young’s modulus, and ultimate tensile strength affected by an-
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nealing temperature and duration, and subjecting the alloy to rolling. The failure mode was
insensitive to annealing conditions, but was controlled by the impurity concentration of the
alloy. In addition, Burkes et al. [33] stated that impurities such as carbon, nitrogen, and
oxygen have very low solubility in uranium. In uranium-molybdenum alloys contained only
primary UC carbides with polyhedral shapes distributed randomly within the grains and
grain boundaries. Carbon had little effect on the alloying behavior between uranium and
molybdenum other than its ability to form inclusions of uranium carbide into the matrix
that was typically enriched in molybdenum in proportion to the amount of preferentially
formed uranium carbide. Inclusions could adversely affect the desired properties of the alloy
in terms of grain growth, deformation mechanism, and transformation kinetics.
Sinha et al. [34] compared powdered metallurgy furnace heating with various induction
melting routes. The uranium-molybdenum alloys were analyzed by X-ray diffraction and
optical microscopy. The alloys prepared by powder metallurgy showed similar phase and
microstructural characteristics with alloys prepared by induction melting route for the same
composition.
Kutty et al. [35] measured thermophysical properties of the U2Mo intermetallic by iden-
tifying the phase transition temperature of U2Mo to the γ phase and confirmed that the
coefficient of thermal expansion decreases with increasing addition of molybdenum. It was
found that the transformation of U2Mo phase to γ phase occurred at 853 K. The specific
heat values of U2Mo were lower than those calculated by the additivity rule.
Huang et al. [36] designed a diffusion couple study of pure uranium in contact with
molybdenum annealed at 923, 973, 1073, 1173, and 1273 K for various times. Interdiffusion
microstructures and concentration profiles were analyzed by electron microscopy and electron
probe microanalysis. Interdiffusion coefficients in γ phase uranium-molybdenum alloys were
determined in the temperature range from 923 to 1273 K and in the composition range of NMo
was 0.02 to 0.26. It was observed that the interdffusion coefficient decreased with increased
molybdenum concentration. Uranium diffused five to ten faster that molybdenum and was
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predicted to do so because, in a binary solid solution, the addition of an alloying element
that increased the melting point decreased the intrinsic diffusion coefficient with increased
alloy addition. In addition, diffusion decreased with increased molybdenum content. It was
noted that the uranium-zirconium system was an exception to the rule due to variation in the
thermodynamic factor which was based on the activity coefficient of the uranium-zirconium
system.
Huang et al. [37] studied the effect of zirconium as a diffusion barrier to uranium molyb-
denum alloys interaction with aluminum cladding. Diffusion couples were assembled with
U-10 wt. pct. molybdenum and zirconium. The diffusion couples were annealed at 600, 700,
800, 900, and 1000 ◦C. The intermetallic phase, Mo2Zr, was found at the interface, and the
concentration increased when annealing temperatures decreased. The addition of molybde-
num changed the shape of diffusion paths dramatically and altered the diffusion paths to
pass just a small uranium-zirconium solid-solution region. The solid solution region decreases
from 50-87 atomic percent to 85-90 atomic percent at 700 ◦ C.
Tkach et al. [38] prepared samples with a composition range between 0-15 at. pct. molyb-
denum in uranium by splat cooling technique. The phases were analyzed using X-ray diffrac-
tion, scanning electron microscopy, and electron back-scatter diffraction. The analyses re-
vealed the presence of a small amount of γ phase present at room temperature with a
majority of the alloy maintaining α-phase. The results confirmed the possibility of γ phase
in uranium metal by ultra-fast cooling.
Sinha et al. [39] prepared samples of varying uranium molybdenum concentration using
an induction melting furnace with uranium and molybdenum pellets as starting materials.
The alloys were characterized with X-ray diffraction for phase identification and lattice pa-
rameter measurements to determine the effect of molybdenum addition on the structure of
the uranium. Quantitative image analysis was also carried out to determine the amount of
various phases in each composition. They found that the minimum quantity of molybdenum
necessary to metastabilize cubic γ uranium was 8 wt. pct. under furnace cooling conditions.
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At this concentration no α uranium or U2Mo was observed with X-ray diffraction. A de-
crease in lattice parameter with increasing molybdenum concentration was observed in the γ
phase. Since the solubility of molybdenum in α-phase uranium was low no change in lattice
parameter was observed from 2-5 wt. pct. molybdenum addition.
Craik et al. [40] researched the metallographic characteristics of the microstructures ob-
tained when uranium rich alloys were slowly cooled to room temperature with step annealing
treatments at and below 950 ◦C. The alloys contained binary addition of molybdenum, zir-
conium and ternary additions of carbon. Refinement of the α uranium grain structure was
enhanced by the addition of carbon. The grain size decreased from 500 to 100 µm with a 1-2
atomic percent ternary addition of carbon.
Antill and Peakall [41] looked at the effect of alloys additions such as titanium, molyb-
denum, niobium, and copper to uranium in their ability to reduce attack by air and carbon
dioxide. Additions of titanium, molybdenum, niobium, and copper reduced the attack by
carbon dioxide at temperatures between 680-1000 ◦C by factors up to 500. Addition of
molybdenum, titanium, and niobium reduced the attack in air at 500 ◦C by a factor of 200.
4.2 Uranium Titanium System
Properties of the uranium-titanium system have been studied by Eckelmeyer and Zanner
[42, 43], Eckelmeyer et al. [44], Eckelmeyer [45], and Landau et al. [46, 47, 48]. These studies
related the transitions of γ and β phases of uranium-titanium systems to similar reactions in
ferrous steels. Additional studies addressed athermal transformations of uranium-titanium
alloys from α’ → δ by plastic deformation and the effects of the addition of niobium to the
uranium-titanium system on the precipitation of the intermetallic U2Ti. Recently, uranium-
titanium alloy phase stability has been modeled using an ab-intio aided CALPHAD model
by Bajaj et al. [49].
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4.3 Uranium Zirconium System
Interest in uranium-zirconium nuclear fuels dates back to the Mk II reactor in 1954
and the MkIIA,B,C reactors in 1966 [50]. Lagerberg [51] researched phase transformations
in uranium-low zirconium (0.5, 2, 5 wt. pct.) alloys with differential thermal analysis and
metallographically. The results were summarized in the form of a time-temperature-transition
(TTT) diagram with respect to the effect zirconium addition on transformation kinetics of
uranium. The study verified equilibrium phase transitions on the low zirconium side of the
uranium-zirconium phase diagram.
The decomposition of the γ phase in uranium-zirconium alloys was initially studied by
Hills et al. [52] in 1965. Examination of 2.5 to 50 at. pct. zirconium alloys for hardness and
phases formed were performed as a function of composition and cooling rates. The ω phase,
UZr2, was found to exist in alloys containing 30-50 at. pct. zirconium and was maintained
at room temperature. In alloys containing 10 to 30 at. pct. zirconium, the ω-phase did not
exist at room temperature.
Thermophysical properties with respect to redistribution of uranium-zirconium alloy con-
stituents along thermal gradients of rod-like fuels were studied by Hofman et al. [21] and
Leibowitz et al. [13]. Hofman et al. [21] found that redistribution of zirconium in uranium-
zirconium alloys occurred rapidly and was complete at five at. pct. burnup. Model data
suggested that constituent redistribution occurred only when a region of the fuel operates at
temperatures above 935 K. Leibowitz et al. [13] calculated solidus and liquidus temperatures
for uranium-zirconium compositions using the quasi-chemical model. An general agreement
was found between the model temperatures for the solidus and liquidus and experimental
data.
Thermodynamic properties of uranium-zirconium alloys such as heat capacity by laser
flash analysis have been studied by Takahashi et al. [53]. The alloys were tested over the
temperature range of 300 to 1100 K. The alloys contained 14 to 92 atomic percent zirconium.
Heat capacity anomalies in the data over the temperature range were a result of phase tran-
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sitions. The phase transitions were observed at temperatures above 870 K. The heat capacity
increased linearly with increasing temperature until a phase change was encountered.
Ogata et al. [54] measured the interdiffusivity below 1223 K where a reactor burning
uranium-plutonium-zirconium nuclear fuel would operate. The temperature ranged from
973 to 1223 K and the zirconium concentration ranged from 01 to 0.95 atomic fraction. A
depression in the thermodynamic factor was measured at an atom fraction of 0.3 below 1223
K. The decrease of the thermodynamic factor was caused by the existence of a region of
demixing or reduction in the activity coefficient of zirconium in the alloy designated γ1 + γ2
phase that closed at 995 K.
Petri and Dayananda [55] researched the addition of plutonium to uranium-zirconium
alloys with respect to intrinsic diffusion coefficients. A more recent study of material proper-
ties and processing of the uranium-zirconium alloy system by hot extrusion was conducted
by Basak et al. [56] and Hausaman [57]. In addition, Yun et al. [58] modeled fission gas be-
havior in uranium-plutonium-zirconium metallic fuel with respect to fission product induced
swelling and gas bubble size distributions in the α uranium, intermediate, and γ uranium
zones.
Hatt [59] researched the orientation relationship between γ and α structures in uranium-
zirconium alloys. It was shown that in the range of 10 and 50 at. pct. zirconium, the alloy
transformed from γ to α-phases directly and suppressed the β structures.
McKeown et al. [60] assessed the thermal stability of as-cast uranium-rich uranium-10
wt. pct. zirconium alloys prior to irradiation in order to distinguish between the thermal
and irradiation effects when considering use as metallic fuel. Structural characterization was
conducted using high spatial resolution transmission electron microscope. They showed that
α uranium and δ UZr2 phase coexist in a fine scale structure in the as-cast uranium zirconium
alloys. Previous studies concluded the presence of the δ–UZr2 phase was absent in as-cast
samples because it was thought to be kinetically slow. Employing TEM analysis the δ–UZr2
phase was confirmed in an as-cast uranium-10 wt. pct. zirconium alloy.
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Landa et al. [61] used density functional approach to the uranium-zirconium system. The
study was undertaken to understand the effectiveness of ab-initio methods for describing
actinide alloys. They calculated the ground state properties of the δ–UZr2 and γ phases.
Basak et al. [62] investigated phase transformation studies of a uranium-2 wt. pct. zir-
conium alloy using optical microscopy, SEM with EDS, XRD, and dilatometry as analytical
tools for heat treated samples. Room temperature, step-cooled and annealed samples con-
tain supersaturated α-phase instead of equilibrium α and δ phases. Variation of the lattice
parameters of α-phase were calculated under different heat treatment conditions. As-cast
grains of uranium-zirconium alloys were irregular in shape and decreased in size as the zirco-
nium concentration increased. In addition, it was found that the alloys undergo simultaneous
α→β and β→γ transformation beyond 670 ◦C and reverse monotectoid reaction beyond 697
◦C while heated. The latter reaction was kinetically slow.
Mohanty et al. [10] simulated atomic transport in the presence of a temperature gradi-
ent or thermomigration phenomenon in binary uranium-zirconium alloys using a phase-field
model derived from irreversible thermodynamics. The model was applied to a single-phase
(Bcc-γ phase) alloy and to a diffusion couple consisting of two single-phase alloys of dif-
ferent compositions. Both were subjected to a constant temperature gradient. Constituent
redistribution in the absence or presence of a compositional gradient was simulated. The
results showed an enrichment of zirconium with a corresponding depletion in uranium at the
hot end of the initially homogenous single-phase alloy. Similar results were observed in the
diffusion couple, where the magnitude and direction of the final composition gradient was
dictated by the combined influence of the atomic mobility and the heat of transport terms.
The model results suggested the temperature dependent atomic mobility of zirconium was
the opposite sign of uranium which determines the direction of the flux of zirconium. The
diffusion couple results suggested that the flux due to temperature gradient was four to five
orders of magnitude larger than that of the flux due to compositional gradient. The heat of
transport terms in combination with the atomic mobilities dominated the direction of move-
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ment of the atoms and determined the sign and magnitude of the thermotransport mobility
term. The results gave a numerical description of the migration of zirconium up a thermal
gradient in a uranium-zirconium alloy.
4.4 Uranium Tungsten System
Das et al. [63] showed that using tungsten as a containment vessel for uranium-plutonium
alloys was effective up to temperature of 2500 K. Above that temperature the uranium alloy
attacked the tungsten containment vessel.
Kuznietz et al. [64] investigated binary uranium equilibrium phase diagram which in-
dicated an extremely small mutual solid-state solubility of uranium and tungsten and the
absence of any intermediate phases. In addition, Kuznietz et al. [64] performed immersion
experiments to investigate the effect of liquid uranium on foils of tungsten metal in the tem-
perature range of 1160 to 1350 ◦C, for immersion times of up to twenty hours in zirconia
crucibles. The original and uranium-reacted foils were studied using SEM-EDX. The pene-
tration of uranium into the tungsten foil was partial up to 1210 ◦C, accompanied by uranium
induced recrystalization, forming metallurgically different regions which cause cracks upon
cooling due to inhomogenous strain. The penetration of liquid uranium was complete at 1255
◦C.
Dayan et al. [65] studied the retention of room temperature γ uranium and β-uranium
structures containing 0.43 and 1.0 at. pct. tungsten by rapid cooling from high temperature.
The metastable β-uranium structure undergoes an isothermal shear-like transformation to a
strained variant of the α uranium structure. It was noted that retention of the γ phase re-
quired lower concentration of tungsten relative to uranium-niobium or uranium-molybdenum
systems which affected the lattice parameter only slightly. The lattice parameter for both
the α and γ phase of the alloy were calculated. The results of this study found tungsten to
be another γ phase uranium stabilizer. The solubility of tungsten in uranium was found to
be between 0.8 and 1.0 at. pct. Alloy additions exceeding 1.0 at. pct. left residual tungsten
particles in the matrix even after homogenization for 23 hours at 1060 ◦C.
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Matzke et al. [66] reported the diffusion of tungsten in uranium carbide single crystals.
Tungsten was added to uranium carbide fuels to modify swelling behavior. Tungsten addi-
tions to uranium carbide increased uranium mobility and increased creep resistance.
4.5 Ternary Relationships
In 1958, a ternary study of the phase relationships of the uranium-molybdenum-zirconium
alloy system was produced by Farkas et al. [67]. Similarly, the ternary relationship uranium-
zirconium-titanium system were studied by Howlett [68] and Saller et al. [69]. The third
ternary system, uranium-molybdenum-titanium was the least studied.
Research conducted by Orlov and Teplinskaya [70] showed that kinetic and structural
properties of α-phases in uranium alloys containing elements that were β and γ stabilizers
shared common features between αa’ martensite in uranium that formed from the uranium
β phase and the martensite in steel. In addition, the transition kinetics and morphology of
the αb’ and αb” martensite phases in alloys containing γ phase stabilizers were similar to
those for indium-thalium and gold-cadmium alloys.
Petri and Dayananda [55] conducted isothermal diffusion experiments performed at 1023
K to investigate diffusion phenomena in Bcc uranium-plutonium-zirconium alloys. In general,
diffusion coefficients increase with increasing plutonium concentration and decrease with
increasing zirconium concentration.
Leibowitz et al. [71] investigated solidus and liquidus temperatures for the uranium-
plutonium-zirconium system. The temperatures were used to assess the possibility of fuel
melting during abnormal reactor conditions. Kim et al. [11] modeled the thermo-migration
fluxes of uranium, plutonium, and zirconium in U-Pu-Zr metallic fuel alloy during irradia-
tion in the EBR-II. The thermo-migration fluxes or constituent redistribution profiles were
calculated from post irradiation examination. Based on the fluxes, the diffusion coefficients,
sums of the heat of transport, and enthalpy of solution were obtained. The data was used
to calculate redistribution profiles that were consistent with measurements.
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Chichester et al. [72] studied metallic fuels for ultra-high burn up. Eight miniature fuel
pins were designed, fabricated, and inserted into the ATR for irradiation testing. The vari-
ables of interest include alloy content, solid compared to annular fuel geometry, fuel additives
to counteract lanthanide-fission product FCCI, smear density, and thermal bond agent.
Molybdenum-titanium-ziconium alloys were in the biomedical industry and applications
in thermal environments up to 1200 ◦C [15, 16]. Molybdenum-titanium-zirconium alloys
showed superior biocompatatbility, creep resistance, and high temperature tensile strength.
The biomedical industry has recently taken advantage of β titanium alloys because of greater
strength, elasticity, and corrosion resistance. Titanium-zirconium alloys with 7.5 wt. pct.
addition of molybdenum were stabilized to the Bcc or β crystal structure which was an
exciting possibly as a pseudo-binary alloy addition to uranium. A range of Bcc alloy addition
based on molybdenum-titanium-zirconium were possible but not yet explored in current
literature.
4.6 Effects of Interstitials
Stobbs and Whittle [73] researched the influence of impurities on the oxidation of ura-
nium in carbon dioxide between 450 and 650 ◦C. Carbon was almost insoluble in α ura-
nium, appearing as inclusions of uranium monocarbide, uranium carbonitride, or uranium
carboxynitride. It was found that the presence of carbon inclusions in uranium accelerated
oxidation rate. Hoge [74] found that uranium molybdenum alloys with above 200 ppm carbon
have both reduced ductility and tensile strength.
Orlov et al. [75] found that during annealing of uranium samples at 550-950 ◦C in under
a vacuum, carbon impurities diffuse from the interior volume to the surface of the samples.
The diffusion flux of carbon was directed toward the surface of the sample and formed
uranium oxymonocarbide, which contained carbon impurity on the surface in the presence
of low oxygen partial pressure. The carbon diffusion rate in α uranium depended on the




The three types of thermodynamic equilibrium were stable, metastable, and unstable.
Thermodynamic equilibrium of an alloy was at the bottom of a free energy well. However,
there may be many equilibrium free energy wells that a system could exist depending on
the phases contained. If the phase was in the lowest possible well, then it was in stable
equilibrium. If the phase was in a higher well then it was in metastable equilibrium. The
system could exist in a metastable state for a short time (nanoseconds) or a long time
(millions of years). The duration of the metastable state depends on the time needed to
nucleate and form a more stable phase or phases. Rapid freezing was a common method of
producing metastable structures, but some (such as Fe3C, or ”cementite”) were produced at
moderately slow cooling rates. [76]
A metastable state was any state that corresponds to a local minimum in configurational
space separated by a barrier from the state corresponding to the deepest minimum (stable
state). A ‘metastable phase’ was a nonequilibrium state of a substance whose properties
change reversibly at the time frame of the experiment or observation. Metastability was
maintained by the existence of an energy barrier in the path of transformation of the system
into lower energy state or states. Since the barrier separating metastable from stable states
was never infinite, at finite temperatures, there was a probability of passing into a stable
state in a certain time. There was always a characteristic ‘lifetime’ of a metastable phase.
The existence of a ‘metastable phase’ introduced the factor of time (kinetics), which was
absent in thermodynamics. The duration of the metastable phase can vary widely ranging
from 10−12 to 108 s. [77]
Clouet [78] states that nucleation was the onset of a first order phase transition where a
metastable phase transforms into a more stable phase. The phase transition occurred when a
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system initially was in equilibrium and destabilized by the change in an external parameter
such as temperature or pressure. If the perturbation was small enough the system does not
become unstable but stays metastable. The initial stage of the process of transitioning from
a metastable phase to a stable phase has been described with classical nucleation theory.
The key controlling parameters were nucleation driving force and the interface free energy.
Kalb [79] outlined the classical theories to describe nucleation from a parent phase, a
metastable solid. Nucleation occurred in the interior of the parent phase without involvement
of a nucleant. Nucleation without a nucleant was called homogenous nucleation. If the parent
phase was in contact with a foreign substance such as a wall or a carbide, the substance
acted as a nucleation site and was called heterogeneous nucleation. The theory to described
metastable phase change of a uranium alloy was developed first by Gibbs in 1878 with
thermodynamics. The kinetic models for nucleation were proposed by Volmer and Weber
in 1926 and were improved by Becker and Doring in 1935. In 1949, Turnbull and Fisher
obtained the pre-exponential factor of the nucleation rate in a condensed phase. ”Classical
nucleation theory” was described by Volmer, Weber, Becker, Doring, Turnbull, and Fisher.
















The equation above determined the number of supercritical clusters formed per unit time
in a unit volume of the system. In Equation 5.1 kB and h̄ were the Boltzman and Planck
constants. The pre-exponential term or Equation 5.2 depended weakly on temperature and
was lumped together and labeled the Zeldovich factor. Nl ∼ 1a3 , was the number of structural
units with a mean size and per unit volume of melt. W was the specific free energy of the
critical nucleus-melt interface. ∆GD was the activation free energy for transfer of a structural
34
unit from the melt to a nucleus. σcm was the surface tension at the interface between the
nucleating phase and the liquid or less thermodynamically stable phase. ∆GD was considered
the kinetic barrier. W was considered the thermodynamic barrier of nucleation or the increase
of the free energy of a system due to the formation of a nucleus with a critical size, r∗. The






2σcm − c2r3∆GV (5.4)
where c1 and c2 were the shape factors. An assumption for the derivation was that the





























∆Hm and Tm were the molar heat of melting and the melting temperature of the crystal. ∆Cp
was the difference between the molar heat capacities of the liquid and crystal at constant
pressure.
Fokin et al. [80] used Turnbull’s assumption that ∆Cp = 0. Equation 5.7 reduced to




where ∆HV its the melting enthalpy per unit volume of crystal.
The time required to establish steady state nucleation in the system was noted as time-
lag in nucleation or τ . τ characterized the duration for onset of the steady-state evolution of
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The existence of foreign solid particles and phase boundaries favored nucleation. Het-
erogenous nucleation diminished the barrier by decreasing the effective surface energy con-
tribution of critical cluster formation. The thermodynamic barrier for heterogenous critical
nucleation of condensation on planar interfaces was











The value of Φ was dependent on the wetting angle, θ and varied between zero and unity.
The discussion above states that if undercooling was large and the cooling was rate high,
the metastable γ phase will be retained.
5.2 Metastability and Uranium Alloys
Several transition metals especially the 4d and 5d elements in Groups IV through VIII
formed solid solutions with γ-uranium and the cubic phase was retained in the metastable
phase upon cooling. The γ phase stabilizing ability increased with atomic number as d-
electrons participate in bonding through hybridization with s and p atomic orbitals. The
solubility decreased as the size difference with uranium atoms increased. Increased bond
strength promoted intermetallic compound formation. In addition, small amounts of ele-
ments to the right of molybdenum in the periodic table had a stabilizing effect as ternary
additions to uranium-molybdenum alloys. Hofman et al. [14] reported that during cellular
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Time Temperature Transition - Uranium-Molybdenum
Figure 5.1: The Time-Temperature-Transition behavior of molybdenum. Data was from
Thyne and McPherson [31]
The interchange between the activation energies associated with diffusion and critical
nucleus formation gave rise to the formation of ”C” shape of the time-temperature-transition
curves (TTT). The time to the onset of detectable transformation of the γ phase to α
and U2Mo for the uranium-molybdenum system was proportional to the nucleation rate.
Figure 5.1 showed the effect of molybdenum addition on the transition temperature for
nucleation of uranium molybdenum alloys.
The uranium-molybdenum-titanium ternary system was investigated by Repas et al. [81].
The Time-Temperature-Transformation data for U78.6Mo17.1Tix alloys, where x was increased
from 2.2 at. pct. to 4.3 at. pct., showed that the incubation time decreased with increasing
titanium addition.
37
U78.6Mo17.1Nbx, where x was 1.5 to 3.0 at. pct., from Thyne and McPherson [82]. At 1.5
at. pct. Nb the transformation time was roughly 30 hours and significantly slower than the
nucleation rate of U82Mo18 which was an order of magnitude shorter at 3.8 hours. Storhok
et al. [83] suggested that up to 1.5 at. pct. addition of niobium to the uranium-molybdenum
system actually retarded the transformation time but additions larger than 1.5 at. pct.
decrease the time to transition due to the interaction between niobium and molybdenum.
The interaction between niobium and molybdenum created a second γ phase which consumed
both niobium and molybdenum that would contribute to γ phase stability in uranium.
Thyne and McPherson [82] data for a ternary addition of 1.1 at. pct. platinum to a
U82Mo18 alloy increased the transformation time from roughly 3.8 hours to 80 hours. Storhok
et al. [83] qualified that ternary additions of zirconium to U88Mo12 and U84Mo16 alloys at
500 ◦C decreased the metastability of γ phase of uranium. The behavior was explained by
the presence of the intermetallic compound, ZrMo2. The production of ZrMo2 compound
consumed the molybdenum decreasing the γ phase alloy content and lowered γ phase sta-
bility.
Figure 5.2 showed a relationship between lattice contraction and ternary alloy addi-
tion to the uranium-molybdenum system on metastability. Metastability of the uranium-
molybdenum system was related to rigidizing the lattice through contraction of the lattice
parameter with increasing the concentration of molybdenum [26, 84]. Induction time or
metastabilty increased if the lattice contracted with increasing ternary addition for ternary
addition of chromium, niobium, rhenium, ruthenium [84]. The researchers found that the
γ phase arose from the contraction of the Bcc phase through substitution of small atoms
relative to uranium. Zirconium was found to decrease the stability of the γ phase and the


































Metastability and Lattice Parameter Contraction of Γ-phase Uranium
Figure 5.2: Time-Temperature-Transition data plotted against the cubic lattice parameter of
γ phase uranium. The data in black, red, and blue correspond to molybdenum alloy additions
of 18, 16, and 14 at. pct. that were held constant while the ternary addition were changed. The
numbers at the end of each ternary addition correspond to the at. pct. added to the uranium
molybdenum base. The data showed that ternary additions to the uranium-molybdenum
alloy system caused lattice contraction with increased addition increase metastability. The




Traditional alloy theory models were applied to the three solid phases of uranium: al-
pha (orthorhombic), beta (tetragonal), and mainly gamma (body centered cubic)[85]. The
Darken-Gurry and Miedema models, with modifications based on the concepts of Waber,
Gschneidner, and Brewer were used to predict the behavior of four types of solutes: 1)
Transition elements associated with the alloying and containment of the uranium fuel 2)
Transuranic elements already present in uranium 3) Rare earth fragmentation elements
(lanthanides) 4) Transition metals and other fragmentation elements. Using these solute
map criteria, elemental behaviors were predicted as highly soluble, marginally soluble, or
immiscible (intermetallic phase formers) and were used to compare solute effects during ura-
nium phase transformations. The solute maps were convenient first approximation tools for
predicting alloy behavior.
Traditional alloy theory models based on correlations of elemental electronic and crys-
tal properties were used to predict solubility and microstructural formation. The effective-
ness of these models was based on microstructure property correlations. Darken and Gurry
and Miedema models, with modifications based on concepts from Waber, Gschneidner, and
Brewer models were used to describe solute solubility in uranium based on correlations be-
tween elemental electronic structures and uranium phases. The solubilities for specific alloy
additions were also dependent on temperature for the different phases of uranium (alpha
(orthorhombic), beta (tetragonal), and gamma (body centered cubic). The Waber method
used ellipse diagrams classify those solutes that should have broad solubility in the allotropes
of uranium [86]. The predictive diagrams were generated for four types of solutes:
1. Transition metals associated as contaminant with alloying in and containment of the
uranium fuel
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2. Transuranic elements in the uranium
3. Rare earth heavy fission fragment elements (lanthanides)
4. Light fission fragment elements such as, alkaline earths, some light transition metals
and others (Figure 6.1)
Figure 6.1 showed the fission products for U235, Pu239, and U233. The fission fragment
masses were identified by color. Red represented U235; Blue represented Pu239, and Green
represented U233. The graph had two peaks, one around zirconium through palladium and
the second at xenon through neodymium. As the neutron energy increased and the energy of
the fissile atom increased, the valley between the two peaks were more shallow. For example,
the curve of yield as function of mass for Pu239 had a more shallow valley than observed for
U235.
Figure 6.1: Thermal fission yield diagram of U235 indicating the ranges for atomic weights
of fission fragment elements. The left peak contained the light fission fragment elements
and on the right peak contained the heavy fission fragment elements. (http://www.world-
nuclear.org/education/phys.htm)
Using graphical alloy modeling schemes advanced by Hume-Rothery and Darken-Gurry
and qualified by Gschniedner and Waber, it was possible to classify a specific solute elemental
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addition as highly soluble, marginally soluble, or immiscible. The diagrams indicate the
degree of solubility of specific elemental solute additions.
Thus the Darken-Gurry model distinguished solubility effects during uranium phase
transformations. Waber refined the ellipse by tightening the boundaries by about fifty percent
to emphasize the elements that were predicted to have extensive solubility from microsoluble
situations. Overlapping of these solute maps were convenient as first approximation tools for
predicting alloy behavior [86].
Miedema plots described the interactions of solute elements in solvent with the heat of
mixing much greater than zero promoting eutectic or eutectoidal microstructure and poten-
tial segregation and liquiation or a heat of mixing much less than zero forms an intermetallic
phase. The Miedema model predicted the potential microstructural evolution associated
with the immiscible elements. Miedema modeling was most effective in the Henrian solu-
bility range and for the lower temperature phases as the models were primarily enthalpy
(bonding) based and did not address the entropy term (-T∆S) [87–91].
6.1 Hume-Rothery Rules
During the 1930’s Hume-Rothery and co-workers observed that solid solubility limits of
metals were governed by the atomic sizes of the solvent and solute metals. They reported
that if the size difference was >±15 percent the solid solubility would be limited. If the
the size difference was < ±15 percent extensive solid solubilities were observed. As more
alloy systems were analyzed and it was found that the ±15 percent size rule was inadequate,
especially for alloys where the size difference was ≤15 percent. The size rule was modified
to state: solid solution was not expected if the atomic sizes differ more than ±15%, and
extensive solid solutions formed if the size difference was less than 15 percent provided all
other factors were favorable.
Other factors included the electrochemical nature of the solvent and solute elements
and the relative valence effect. A second Hume-Rothery rule stated that the electrochemical
nature of the solvent and solute elements must be similar if solid solution was expected.
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If their electrochemical natures were different, compound formation was likely and limited
solid solubilities were expected. A third but discarded Hume-Rothery rule stated that the
component with a higher valence was more soluble in the component with lower valence
metal than vice versa. This rule was never confirmed and was discarded. [92]
6.2 Darken and Gurry Model and Diagram
In the 1950’s Darken and Gurry suggested a way to quantify the second rule, and that
both the first and second rules could be applied simultaneously to predict the formation of
solid solutions. They prepared plots of the size versus electronegativity of most elements in
the periodic table. Using the plots, they configured an ellipse about a given solvent with a
minor axis of ±15 percent of the solvents atomic radius and a major axis of ±0.4 electroneg-
ativity units of the solvents electronegativity. The solutes that fell within the ellipse were
expected to have limited solubility in the solvent metals. The Darken-Gurry methods would
be expected to reliably predict both extensive and limited solid solubilities in contrast to the
Hume-Rothery size rule that only predicts systems that formed limited solid solutions. [92]
6.3 Waber Modified Diagrams
In the 1960’s, Waber examined the the universality of the Hume-Rothery size rule and
the Darken-Gurry method for predicting solid solubilities. Waber used a maximum solubility
of 5 at. pct. at any temperature as the criterion whether or not a given alloy combination
formed an extensive solid solution (> 5 at. pct.), or a limited solid solution (<5 at. pct.).
Waber found that the simple Hume-Rothery size rule was only 50.1 percent reliable in pre-
dicting extensive solid solutions and 90.5 percent reliable at predicting limited solid solutions.
Waber’s statistical analysis of the experimental data used by Darken and Gurry confirmed
Hume-Rothery’s insight that other factors were important to a favorable size factor for solid
solution formation. Waber’s analysis showed that the electrochemical factor, Pauling elec-
tronegativity, was an important consideration in the formation of solid solutions. [92]
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6.4 Gschneidner Rules
In 1980, Gschneidner showed that there were a number of factors that influence solid
solubilities. Solid solubility was found to be influenced by the electronic structure, lattice
rigidity, compound stoichiometry, and electron transfer. Gschneidner also pointed out that a
statistical analysis of the relative valence effect rule was not valid; 55 percent of 600 systems
that Gschneidner tested did not obey the valence effect rule. Since valence did play a part in
solid solution, the meaning of the word valence was expanded from the number of electrons
involved in bonding to include the nature of the electrons (s,p, or d) that were involved.
Gschneidner divided the the elements of the periodic table into two groups of groups
of metals, the sp-group, and the d-group. He also utilized the crystal structures of the
component elements. He formulated rules that considered the combinations of the two groups
of metals, their crystal structures, and the Darken and Gurry criteria. [92]
6.5 Gschneidner Rules as Applied to Darken-Gurry Diagrams
Gschneidner used elemental electron configurations of solutes and solvents to establish
a criteria for the selection of solute-solvent combinations which had been acceptable for
modeling elements that had “d” and “f” bands. The elements were classified as “d-shell”
which included the transition metals, rare earths, and actinide metals. Elements classified
as “sp-shell” elements that include alkali, alkaline earth, aluminum and silicon groups. The
following rules described alloying ”sp-shell” and ”d/f shell” elements:
1. If both solute and solvent were “d-shell” elements, the Darken-Gurry method may be
applied. Here uranium would be classified as “d-shell” and only minimal distortion of
the electronic bands occurred. No large changes in the energy of the system occurred
with only small differences in the electronic natures of the two elements. Thus the
factors of atomic size and electronegativity became dominant.
2. If both solute and solvent elements were “sp” elements, the Darken-Gurry method
was valid only if the solvent and solute had the same crystal structure. Darken-Gurry
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method did not apply if the “sp” solute and solvent had different crystal structures.
Limited or no solid solution was expected. Different crystal structures or sufficiently
different electronic configuration caused impurity atoms in the matrix to raise the total
energy high enough that solid immiscibility or compound formation occurred. Atomic
size and electronegativity had no bearing on the solid solution. These factors played a
role in determining stoichiometry and the crystal structure of a second or mixed phase.
3. If the solvent was “d-shell” and the solute was an “sp” element, the Darken-Gurry
method was valid only if one of the common metallic crystal structures was formed.
In these cases uranium would be classified as “d-shell” and the electronic structures
can be different. “d-shell” solvents have available “d” orbitals which were electronically
tolerant of “sp”solute impurities. If the crystal structures of the “sp” elements were
not one of the common metallic structures then solid solution was unlikely to occur or
solid solution would occur at less than 5 wt. pct. In this case, Gschneidner rules did
not need to be invoked.
4. If the solvent was “sp” and the solute was a “d-shell” element, only limited solid solution
were observed regardless of their crystal structures. The Darken-Gurry criteria were
not needed. “sp-shell” solvent had no tolerance for a “d-shell” element impurity and
the lack of empty “d-shell” levels in the matrix. This situation held true even if both
have common metallic crystal structures (Fcc, Bcc, and Tcp).[93]
6.5.1 Interstitials
The interstitial elements (H, B, C, N, and O) were all sp-elements with unique crystal
structures. There were many systems where these elements were solutes. Application of
Gschneidner rules were unreliable. The main problem was that interstitial elements in many
cases had extensive solid solubility in the d-metal solvents. The interstitial elements formed
solid solution by occupying the interstitial sites of the solvent metal and did not substitute
on a lattice site of the matrix. The rules governing the formation of solid solutions were
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different from those used for substitutional solid solutions. Hume-Rothery and Darken and
Gurry did not evaluate systems involving interstitial elements. [92]
6.6 Miedema Modeling
A.R. Miedema described the heat of mixing with two terms representing energy effects
[87, 90]. The first was the difference in electronegativity between two types of atoms in
an alloy and the second term reflected the discontinuity in the density of electrons at the
boundary between dissimilar Wigner-Seitz cells. Miedema treated alloying effects as chang-
ing boundary conditions of the Wigner-Seitz cell when transferring an atom from the pure
metal to the alloy. Two effects were of major importance. First, there was a negative contri-
bution to the enthalpy of formation arising from the requirement of equality for the chemical
potential between electrons of different cells. The electronegativity favored alloying and was
the dominant negative contribution to the heat of mixing. Second, a positive contribution
to the heat of mixing was related to the difference in density of electrons at the boundary of
the Wigner-Seitz cells, ∆nws, for the two atoms. Miedema found that the work function, φ,
of pure metals could represent the chemical potential for electrons of an individual atomic
cell well. The density of electrons at the cell boundary was derived for 23 non-transition
metals by summing atomic wave functions and proportional to the bulk modulus over the
molar volume of the pure element. Compressibility of a metal was related to the density of
the electrons near the cell boundary. It was assumed that for transition metals that (B/Vm)
was an approximate measure of electron density. B was the bulk modulus and Vm was the
molar volume of the atom.
Verification of Miedema’s heat of mixing equation, was extracted from information con-
tained in phase diagrams. In a binary phase diagram, intermetallic compounds and phases
that remained stable at low temperatures had negative ∆Hm. In addition, if a binary sys-
tem, there were no compounds and the solid solubilities were less than 10 at. pct.; ∆Hm was
positive. [94]
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6.7 Rules as Applied to Miedema Diagrams
These rules apply for the metallurgical behavior of transition metals in the terms of work
function, φ∗, and the electron charge density, nws.
• If ∆φ∗>0.48∆nws the two metals alloy readily: either were compounds or the solubility
was larger than ten percent
• If ∆φ∗<0.48∆nws for two transition metals, there were no compounds in the phase
diagram ∆φ∗<0.48∆nws [94]
These rules were applied to d and f shell alloys.
Alternatively,
• If in a binary phase diagram there were intermetallic compounds, then ∆φ∗>0.48∆nws
• If two transition metals did not alloy then ∆φ∗<0.48∆nws
6.8 Miedema Heat of Mixing Correlations
The Mediema method of analysis predicted the heat of mixing of solutes in uranium to de-
termine whether solutes that were immiscible formed eutectic or eutectoidal microstructures
with potential segregation and liquiation, or intermetallic phases. The Miedema-Chelikowsky
method used different electronic properties than the Darken-Gurry method and achieved
similar results. The agreement between Darken and Gurry models and Miedema models en-
hanced the credibility of the approaches. Miedema-Chelikowsky analyses produced a similar
ellipse to compare solubilities of elements in metallic solvents and were used in this paper
[91]. Miedema also applied graphically the heat of mixing assessments onto solvent-solute
property data plots of elemental work function and electron concentration correlations of
the Wigner-Seitz cell [87]. The graphical overlay distinguished those solute atoms having
heat of mixing values greater than zero from those having negative heat of mixing values.
The sign and magnitude of the enthalpy indicated whether the solute element was going to
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segregate, such as seen in eutectic and eutectoidal segregation behavior, or if it would to
promote intermetallic phases.
6.9 Uranium Phase Descriptions and Modeling Data
Alloy was used to account for the structural effects and valencies of the three alloptropes
of uranium, α, β, and γ. α uranium partially formed covalent bonds and was not represented
with whole numbers of valence electrons. The valence of α uranium was 3.8 to 4 and was
plotted on the (Darken-Gurry) diagram as UIV (Figure 6.2). Covalent bonding restricted
the formation of solid solutions in α uranium despite favorable atomic sizes and valences.
[95]
Beta, β, uranium had a valence of 5 and was plotted on the Hume-Rothery diagram as
UV. Beta uranium had a tetragonal structure and only limited solid solubility was possible.
If β uranium had a valence of 5, elements that were pentavalent such as vanadium, niobium,
and tantalum should stabilize β uranium. If present in the right solute concentration, vana-
dium, niobium, chromium, and molybdenum were capable of retaining the β phase during
quenching.
Gamma, γ, uranium was the most metallic of the three allotropes and had a valence of
six (5.8-6) [96, 97]. The size of a solute atom depends on the number of electrons the atom
had given up or the number that had changed energy levels and was used in Gordy’s formula





where en was electronegativity and V was the valence of the atom.
Miedema analyses used the endothemicity or exothermicity of mixing to determine whether
or not an intermetallic or eutectic was formed [88–91]. If an intermetallic was formed, the
element would have a negative sign; if eutectic may form the sign was positive. The equation
describing the enthalpy of mixing, ∆Hm was as follows [90]:






where P and Qo were constants, e was the elementary charge, ∆φ was the change in chemical
potential with respect to uranium, ∆nws was the change in density of electrons with respect
to uranium, and R was a constant added for liquid and solid alloys [90]. ∆φ was the neg-
ative contribution and ∆nws was the positive contribution the heat of mixing. Chelikowsky
extended Miedema’s models by incorporating an ellipse that encompassed substitutional
elements within a specific range about a solvent element.
6.10 Modeling Diagrams for Uranium






















Figure 6.2: Darken-Gurry diagram that illustrated changes in electronegativity and ionic radii
between uranium phases. Note: Future diagrams displayed α, β, and γ for the orthorhombic,
tetragonal, and body centered cubic crystal structures.
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The γ phase was the most electronegative and the α phase was the least electronegative.
The shift associated with electronegativity and ionic radius between α, β, and γ phases of
uranium showed that solubility of a solute element was phase dependent.
Figure 6.3 was a Darken-Gurry diagram illustrating the light fission fragment elements of
uranium. Many of the fission fragment elements fell outside of the γ ellipse and suggested a
potential solubility issue within the fuel once a significant amount of fuel decayed or burned.
























Figure 6.3: Darken-Gurry diagram of the light fragment elements of U235 from atomic mass
80 to 110 amu.
Yttrium and ruthenium agreed with rule one from Gschneidner because a ”d-shell” solute
was mixed with an ”f-shell” solvent, but the difference in Pauling ionic radius was too
large, so the fission fragment would not be expected to form solid solution. Strontium and
rubidium shared the Bcc crystal structure with γ phase uranium but the difference both
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Pauling ionic radius and electronegativity was too large. Molybdenum, and zirconium follow
the first Gschneidner rule and were predicted to exhibit solid solution with γ phase uranium
because both molybdenum and zirconium were ”d-shell” solutes mixing with and ”f-shell”
solvent. In addition both were Bcc stabilizers at high temperature.
Figure 6.4 represented heavy fission fragment products of uranium. Again, many if not
all of the fission fragment elements fell outside the ellipses and were not predicted to form
solid solution with γ phase uranium. Barium and cesium were ”sp-shell” solutes with Bcc
crystal structure and follow Gschneidner rule three which was valid if the solute and solvent





















Figure 6.4: Darken-Gurry diagram of the heavy fragment elements of U235 from atomic mass
139 to 175 amu
Under the condition that both the ”sp-shell” solute and the ”d or f-shell” solvent were
Bcc, Gschneidner’s third rule was satisfied for barium and cesium. Lanthanum, cerium,
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praseodymium, and neodymium were ”f-shell” solutes and the solid solution in uranium
was dictated by atomic size and electronegativity and not by the hexagonally closed packed
crystal structure of these elements. The ”f-shell” solutes did not have large differences in
electronegativity but the differences in Pauling ionic radius were large and render these
solutes less likely to form solid solution with γ phase uranium.
Figure 6.5 represented the lanthanide elements. These elements were ”f-shell” and Gschnei-
dner rule one applied. Effects of crystal structure were negligible and important factors were




















Figure 6.5: Lanthanide solubility showed using a Darken-Gurry diagram. The diagram sug-
gested immiscibility in γ phase uranium because the elements sit outside the ellipses.
These elements showed significant differences in Pauling ionic radius and will not form solid
solution with γ phase uranium. Since there were large differences in electronegativity, com-
pound formation was a possible.
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Figure 6.6 represented the Miedema diagrams using a Chelikowsky ellipse to indicate
substitutional elements in solution in solution with uranium. The elements falling within


















































































Figure 6.6: Miedema-Chelikowsky interpretation applied to solutes with 5 at. pct. solubility
in uranium [91].
If the solute elements fall outside the ellipse, the solubility was considered limited. Elements
falling outside the ellipse either were partially soluble, immiscible, potential intermetallic
compounds (PI), or undergo potential eutectic segregation (PES). A closer look showed that
there were few differences between what was predicted with Darken-Gurry diagrams and
invoked Gschneidner rules versus the Miedema diagram using Chelikowsky solubility ellipse.
A major difference between Darken-Gurry diagrams versus the Miedema analysis was that
cesium and barium were predicted to have limited solubility using Miedema analysis and were
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soluble using Darken-Gurry diagrams. It should be noted that Darken-Gurry predictions were








Figure 6.7: Miedema diagram that used an enthalpy of mixing overlay to determine sub-
stitutional solutes, potential intermetallic solutes, and eutectic solutes for uranium as the
solvent.
Figure 6.7 was a surface representing positive and negative heats of mixing centered over
uranium as predicted by Equation 6.2. The plot showed the enthalpy of mixing overlaying a
plot of change in charge density, ∆nws, as a function of the change in chemical potential, ∆φ
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positioned with respect to uranium as the solvent. A solubility box was constructed about
the surface at the lines representing ± 20 kJ
mol




. The expansion was performed to account for potential entropy contribution at
temperatures where the gamma phase existed for uranium and potential alloys. Any element
located inside the box about uranium was highly soluble with respect to uranium as a solvent
element. This relationship follows the prediction made by both Darken-Gurry diagrams and
the extension to the Miedema model by adding Chelikowsky’s ellipse. Elements with positive
sign with respect to enthalpy of mixing forms potential eutectic and potential segregation
liquiation. Elements with negative signs form potential intermetallic compounds. Elements
on or near zero form solid solution with uranium.
Table 6.1 represented tradition metals as alloy addition and lanthanide fission fragments
with respect to solubility in uranium. The data was from phase diagrams and indicated
percent solubility, compound formation and type, and if a potential eutectic or intermetallic
were formed upon mixing with uranium. It should be noted that some discrepancies exist
between Darken-Gurry, Miedema, and phase diagram information. Table 6.1 described the fit
of Darken-Gurry and Miedema model data relative to phase diagram information. The phase
diagram information predicted solubility for some solutes where the Darken-Gurry plot and
Miedema diagram may suggest a poor fit as a solute for uranium. The various compounds
formed were listed in Table 6.1. The results of graphical analyses provided by Darken-Gurry,
Gschneidner, Miedema, and Chelikowsky models were in agreement with each other and data
presented in phase diagrams.
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Table 6.1: Table of Alloying Factors
Max. Solubility in γU, a/o Compound1 Model Fit Grade2
Zr 100 UZr2 MC-E, DG-MF
Ti 100 U2Ti MC-E, DG-E
Hf 100 HS MC-E, DG-MF
Nb 100 HS MC-E, DG-MF
Pu 100 HS MC-E, DG-M
Cu 83 HS MC-M, DG-MF
Mo 42 HS MC-E, DG-E
V 12 HS MC-E, DG-E
Al 4 UAl2, UAl3, UAl4 MC-MF, DG-MF
Cr 4 HS MC-E, DG-M
Ta 3 HS MC-MF, DG-MF
Be 2 No MC-M, DG-E
Fe < 1 U6Fe,UFe2 MC-MF, DG-MF
W < 1 PI MC-MF, DG-E
Co < 1 PI MC-E, DG-MF
Mn 3 U6Mn,UMn2 MC-E, DG-MF
Ni 2 PI MC-M, DG-MF
Os < 1 PI MC-MF, DG-MF
Ir < 1 PI MC-MF, DG-MF
Pt 5 UPt,UPt2,UPt3,UPt5 MC-MF, DG-MF
La < 1 PES MC-MF, DG-MF
Ce < 1 No MC-MF, DG-MF
Pr < 1 No MC-MF, DG-MF
Nd < 1 No MC-MF, DG-MF
Sm < 1 No MC-MF, DG-MF
Eu < 1 No MC-MF, DG-MF
Gd < 1 No MC-MF, DG-MF
Tb < 1 No MC-MF, DG-MF
Dy < 1 No MC-MF, DG-MF
Ho < 1 No MC-MF, DG-MF
Er < 1 No MC-MF, DG-MF
Tm < 1 No MC-MF, DG-MF
Yb < 1 No MC-MF, DG-MF
Lu < 1 No MC-MF, DG-MF
HS-Highly Soluble, PI-Potential intermetallic, PES-Potential Eutectic Segregation;





The uranium-M, where M was 50Mo-43Ti-7Zr in wt. pct., and uranium-molybdenum-
tungsten systems were evaluated by casting alloys into cylinders and interrogated using
differential scanning calorimetry to assess transition temperatures associated with the Bcc
phase field. Alloy microstructure was characterized using Environmental scanning electron
microscopy, energy dispersive X-ray spectroscopy, X-ray diffraction analysis, and optical mi-
croscopy. The following sections described experimental procedures and preliminary results.
7.1 Experimental Procedure
The experimental section was divided into alloy casting and material property characteri-
zation methods. The characterization methods include the casting procedure, metallography,
environmental scanning microscopy (ESEM), energy dispersive X-ray spectroscopy (EDX),
optical microscopy, X-ray diffraction analysis (XRD), and differential scanning calorimetry
(DSC).
7.2 Casting Procedure
Foil and powdered alloy additions of molybdenum, titanium, and zirconium were alloyed
with uranium. A 40 by 40 by 0.025 mm piece of molybdenum foil was weighed and folded into
a container to hold powders. The powders of molybdenum, titanium, and zirconium were
weighed and transferred to the molybdenum foil container. The molybdenum encapsulated
powder, titanium foil (0.127 mm thickness) and uranium bar stock were set into a copper
hearth and arc melted using a gas tungsten arc (GTA) powered by a constant current welding
power supply. The alloys were flipped and re-melted seven to ten times to ensure that the
alloy was macro-homogenized.
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The macro-homogenized alloy was transferred to a second copper hearth containing a
bored through cylindrical cavity for casting the alloys into cylinders. The inner diameter
of the bored cylindrical cavity was six millimeters. The outer diameter of the casting was
smaller than the inner diameter of the crucible used for differential scanning calorimetry
(DSC) (See Figure 7.1).
Figure 7.1: A photo of a uranium-M casting where M was 50 wt. pct. molybdenum, 43 wt.
pct. titanium, and 7 wt. pct. zirconium. The casting was roughly 2 inches long.
Two separate castings of the same composition were analyzed using DSC. Both showed re-
producible onset and end transition temperatures for both heating and cooling cycles. The re-
sults of the casting and their replicates were averaged. In addition, the macro-homogenization
of the casting process was tested by cutting a DSC sample from the end of the cast closest
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to the sprue and cutting a sample closest to the end of the mold. The DSC analyses show
similar patterns and little variation between onset and end temperatures for the heating and
cooling cycles of both specimens. The lack of significant differences in DSC analysis between
specimens suggest acceptable macro-homogenization. The data was shown in Table 7.1.
Table 7.1: Table of Differential Scanning Calorimetry Comparison be-
tween Sample Sectioned from Top and Bottom of Cast Cylinder
Alloy Composition Solidus ◦C Ti, Zr α+β/β ◦C Ti, Zr α/α+β ◦C
U 7.5 wt. pct. M -Topa 1204.7 NA 635.6
U 7.5 wt. pct. M - Bottom 1207.3 NA 624.7
aM was 50 wt. pct. Mo, 43 wt. pct. Ti, and 7 wt. pct. Zr (Mo35Ti65Zr5)
A master alloy casting procedure was used as a second casting procedure. An alloy of
M was initially cast. The M alloy of concentration dependent mass was melted into a small
amount of uranium (roughly 5 grams) and homogenized. The M alloy and uranium was
added to the remaining 13 grams of uranium and homogenized. The sample was flipped and
re-melted 7-10 times and cast into a cylinder. The method of casting did not significantly
influence the results of thermal analysis. The Ti, Zr α+β/β transition was not observed due
to a small sample size of 76.2 milligrams. In addition, a new differential scanning calorimeter
was used. The results comparison of thermal analysis by differential scanning calorimetry
were listed in Table 7.2.
Table 7.2: Table of Differential Scanning Calorimetry Results
Alloy Composition Solidus ◦C Ti, Zr α+β/β ◦C Ti, Zr α/α+β ◦C
U 10 wt. pct. M- FATCa 1220.03 NA 641.73
U 10 wt. pct. M b 1220.9 ± 16.2 681.6 ± 22.0 627.7 ± 7.4
aM was 50 wt. pct. Mo, 43 wt. pct. Ti, and 7 wt. pct. Zr (Mo35Ti65Zr5)
bFATC - Ferro Addition Type Casting
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7.3 Chemical Analysis
The alloys were chemically analyzed at Southwest Research Institute for the concen-
trations of uranium, molybdenum, titanium, zirconium and tungsten and carbon. Carbon
was determined using a Perkin-Elmer Model 2400 Series II CHNS/O Analyzer. Uranium,
molybdenum, titanium, zirconium, and tungsten were analyzed by ICP-AES using a Thermo
Jarrell Ash ICAP 61E Trace Purge.
The results of the chemical analysis were located in Tables 7.3, 7.4, and 7.5. The sample
U 15M was difficult to prepare and solidified rapidly. Losses from volatilization of reagents
during casting and powder blow off from swirling of the arc-melter contributed to the varia-
tion in sample concentration from desired to actual sample concentration. Variation between
calculated and experimental concentration of the alloys labeled U 5M and U 10M were caused
by similar issues. The carbon content varied from 0.141 to 0.165 wt. pct. in the uranium-M
castings and 0.167 to 0.211 wt. pct. for the U-Mo-W castings. The data was listed in Tables
7.3 and 7.4.
Table 7.3: Results of Chemical Analysis of U-M alloys - wt. pct.
Sample U Mo Ti Zr C
U 5M 94.74 2.55 2.18 0.360 0.165
U 10M 89.07 4.99 5.10 0.644 0.194
U 15M 87.78 7.74 3.60 0.739 0.141
Table 7.4: Results of Chemical Analysis of U-Mo-W alloys - wt. pct.
Sample U Mo W C
U-7Mo-3W 91.21 6.54 2.04 0.211
U-9Mo-1W 90.13 8.50 1.12 0.167
In addition, the powders and foils used for alloying were tested for average carbon con-
centration using LECO interstitial analysis and followed ASTM method E1941 and Form
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Number 203-601-256 of the LECO Corporation Application Bulletin. The methods were
outlined in Appendix - A. The compositions were displayed in Table 7.5:
Table 7.5: Results of Carbon Analysis of Alloy Additions - wt. pct.







The results of the carbon analysis were not exact, but do give a measure of the car-
bon content within the reagents used for casting the alloys. The foils were found to have
slightly more carbon than the powders but the amount of carbon in both the foils and the
powders was insignificant relative to the carbon content in the chemically analyzed alloys.
The possible sources of carbon may have come from the uranium cleaning procedure and
the casting process. The sources of carbon included the residual mineral oil on uranium bar
stock, incomplete surface cleaning during the electrolytic surface cleaning process, surface
contamination of the alloy pin mold, contamination of the glovebox surfaces, gloves, tools,
and potential high carbon concentration in the uranium bar stock.
7.4 Metallography
As-cast specimens were ground using 180 to 800 grit sandpaper and polished using 3
and 1 µm diamond abrasives. The type of cloth used was Kempad pan-W PSA back part
no: 90-150-005. A 5 % phosphoric acid solution was used as an electrolyte, a stainless steel
rod as the cathode, and uranium alloy was the anode for the electrolytic polishing step. A
potential of 4.5 volts was applied across the casting for a duration of three to three and a half
seconds. The samples were etched using 10 % oxalic acid as the electrolyte and a potential
of 4.0 volts applied across the casting for two seconds. [98]. Another etching procedure was
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performed and followed the method outlined by Howlett [68]. The results from the etching
technique were located in Appendix B.
7.5 Environmental Scanning Microscopy and Energy Dispersive X-ray Spec-
troscopy
Samples were set in epoxy without filler material. Samples were ground and polished
according to the metallography procedure described above. The samples were electrically
connected to the stage within the vacuum chamber of an FEI Quanta ESEM using con-
ductive graphite tape. The vacuum chamber containing the samples was closed and sealed
under medium vacuum. Images were collected using Everhart-Thornley detector and solid-
state electron detector or electron backscatter. The chemical distribution of the alloys were
characterized by energy dispersive X-ray spectroscopy. The data from the EDX line scans
were initially smoothed using a Hamming lowpass filter window coupled with a sinc function
during a discrete Fourier transform. The smoothed low frequency data suggested coring was
present as low frequency oscillations in chemical composition. All data for EDX data will be
presented as smoothed data to highlight potential coring. See Figure 7.2. The results of of
the smoothed data were located in Appendix C.
The MultiPoint option from the EDAX software was used to link several spot scans
together in a line to form a line scan. No Fourier transform was needed to filter the data.
The line scans were determined but the scale of the ESEM micrograph. The EDX line scans
were an array of twenty second duration spot scans across areas of interest. One spot per
half a micron was used to avoid overlap.
7.6 Optical Microscopy
Samples were electrolytically etched using the metallography procedure described above.
The microstructure of the samples were identified using an Olympus PME3 inverted micro-
scope. The microscope was retrofitted with a PAXcam2 camera to collect the images. Images
were collected using 50x, 100x, 200x, and 500x magnifications.
62












Raw and SincHamming Filtered Data
Figure 7.2: An EDX scan that highlighted the difference between the raw data and smoothed
data using a Hamming lowpass filter coupled with an sinc window during convolution of raw
data. The smoothed data was black and the raw data was blue.
7.7 X-ray Diffraction Analysis
A Phillips X’Pert X-ray diffractometer was used to analyze as-cast solid uranium alloys
set in epoxy without filler. Radiation was generated using a copper tube at a wavelength of
1.54054 Å. The epoxy used hold the sample was analyzed to determine whether overlap exists
between the spectra of the sample and epoxy. No interference of the epoxy on the uranium
alloy spectra was observed. The 2θ angles associated with the epoxy were subtracted from
the analysis to decrease the run time of the experiment. Figure 7.3 was the XRD spectra
that shows the lack of interaction between the epoxy spectral and the sample spectra. The
samples were electrolytically etched to provide a slightly roughened surface area.
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Figure 7.3: X-ray diffraction analysis that showed the separation of epoxy spectra from the
alloy spectra. The lack of overlap between the epoxy spectra and the alloy spectra allowed
researcher to subtract the epoxy 2θ from the analysis and decrease the run time of the
experiment.
The technique was used to gather preliminary phase information from uranium-M and
U-Mo-W alloys.
7.8 Differential Scanning Calorimetry
Samples were cut from cylindrical castings and masses ranged from 63 to 350 mg. The
samples were placed in an alumina crucible and set into a Netzsch DSC 404. The samples
were subjected to a heating schedule ranging from 300 to 1350 ◦C under an inert argon
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atmosphere. The heating and cooling rates were 10 K
min
. The phase transition temperatures
for the samples were determined using Netszch Proteus software.
7.9 Cooling Rate
Figure 7.4 showed a solidified casting with a thermocouple embedded. Not all castings
were the same length. A reproducible axial center for the measurement was difficult to
Figure 7.4: The photograph showed a casting that has a Type K thermocouple embedded
in the center. The axial center was hard to achieve when centering the thermocouple due to
lack of control of the flow and cooling of the casting.
achieve. Glass braided 36 gauge or 0.13 mm type K thermocouples were centered and set
into a cylindrical copper mold. The casting was set in the mold and heated to flow over the
thermocouple and solidify. Once solidified the casting was removed from the mold and cooled
to room temperature in argon. Data points were not collected until the casting was removed
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from the mold. The temperature was monitored by an Omega HH501 AJK thermocouple
gauge.
Figure 7.5: Data describing the analytical and experimental thermal history of a casting
cooled to room temperature.
The data from the gauge was manually recorded and then plotted using Python. The
data was compared to an analytical model calculated using the Lumped Capacitance Method
accounting for the radiative heat transfer coefficient, natural convective heat transfer coeffi-
cient, Raleigh number, Nusselt number, and Biot number. The coefficients were recalculated
using a series of for loops to step through the temporal range of the experiment.
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Figure 7.5 compares the analytically modeled data to the experimental data of the cooling
rate at the radial and axial center of the casting. The analytical model approximates the
experimental model well between the initial cooling rate and the final cooling rate but the
model does not approximate the transition between the initial and final cooling rate well.
The Python script for both the experimental and data representation and analytical solution




The Results section discussed the data from X-ray diffraction analysis, environmental
scanning electron microscopy and energy dispersive X-ray spectroscopy, optical microscopy,
and differential scanning calorimetry for the uranium-M and uranium-molybdenum-tungsten
systems.
8.1 Uranium-M system where M was 50 wt. pct. Molybdenum, 43 wt. pct.
Titanium and 7 wt. pct. Zirconium System
The analysis below was from data gathered about the alloy uranium-M alloy system
where M was 50 wt. pct. molybdenum, 43 wt. pct. titanium and 7 wt. pct. zirconium
8.2 X-ray Diffraction Analysis
X-ray diffraction was used to qualitatively analyze uranium-M alloys for information
about phases present after cooling from the casting process. The peaks were broad and there
was the possibility of peak overlap and loss of information with respect to identification
of phases associated with the decomposition of the γ phase. Sinha et al. [34] stated that
peak broadening occurred in inhomogenous alloys and the peaks were sharpened by heat
treatment to homogenize the alloy. Figure 8.1 showed that the 15, 12.5, 10, and 7.5 wt.
pct. alloys consisted of γ phase uranium. There was no evidence of U2Mo intermetallic or
α-phase uranium found using XRD at these alloy concentrations suggesting the alloys were
metastable in the γ phase during the cooling of the casting.
The uniform spacing of the X-ray diffraction pattern for the γ phase of the uranium-M
system was confirmed by comparison to X-ray diffraction patterns from metastable γ phase
uranium-molybdenum alloys in the literature [34, 38, 39, 99, 100]. As seen in Figure 8.1,
the 5 wt. pct. M alloy was composed of a mixture of α and γ uranium phases. No U2Mo
intermetallic was observed.
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Figure 8.1: X-ray diffraction data of uranium-M castings. The data showed all the castings
but U-5M were γ phase uranium. The casting U-5M contained a mixture of γ and α phases.
The mixture of phases at 5 wt. pct. M was expected because the concentration of molybde-
num was 2.0 wt. pct. or 4.8 at. pct. and below 11 at. pct. molybdenum which was reported
by Tangri and Williams [26] to be the critical concentration of molybdenum for metastability
in uranium molybdenum alloys. No β phase uranium was identified using X-ray diffraction.
The β phase of the uranium alloy could have been suppressed due to lowering of the
eutectoid temperature of the γ phase associated with the addition of molybdenum to the
uranium-titanium system. Lowering of the eutectoid temperature of the γ phase would sup-
press the two phase region consisting of β phase uranium and the U2Ti intermetallic in a
uranium-titanium binary. The eutectoid of the uranium-titanium binary was at 7 at. pct. An
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alloy containing 5 wt. pct. M would contain 8.6 at. pct. or 2 wt. pct. titanium. If the eutec-
toid temperature was lowered below 668 ◦C, the β phase of uranium would be suppressed.
Peak broadening due to inhomogeneity from the casting process and/or the formation of the
U2Mo and U2Ti intermetallics were kinetically slow relative to the cooling rate were possible
reasons for lack of detection of the β phase.
Figure 8.2 showed lattice parameter data(black) of uranium-molybdenum alloys from X-
ray diffraction analysis by Sinha et al. [34] compared to the uranium-M lattice parameter
data(red) from this study. Sinha et al. [34] used powdered samples was for the splat casting
data where as-cast samples were used to gather data from the U-M alloys. All of the splat
casting data was γ phase.




















U-M and U-Mo Alloys
Figure 8.2: U-M as-cast (red) data compared to splat casting X-ray diffraction data (black)
from Sinha et al. [34].
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The 95 wt. pct. uranium-M alloy contained both α and γ phases. The α phase component
of the alloy obscured the lattice parameter calculation and the data point was outside the
grouping for both sets of data. Picking the initial peak for the Bragg calculation was difficult
because of peak broadening and the pattern was not uniformly spaced which was charac-
teristic to a Bcc alloy X-ray diffraction spectra. Both data show that the lattice parameters
decreased with increasing alloy addition up to 10 wt. pct. After 10 wt. pct. addition of M,
the lattice parameter of the uranium-M alloy no longer decreased. The alloy addition M may
have reached a solubility limit and/or an interaction with carbon removed alloy additions
from solution with uranium decreasing the lattice contraction.
8.3 Environmental Scanning Electron Microscopy and Energy Dispersive X-ray
Spectroscopy
The solubility of carbon in uranium was 0.002 at. pct. at the eutectic temperature of
1116.6 ◦C [101, 102]. The solubility of carbon in uranium decreased as the temperature
approached room temperature. The carbon content in the alloys U-5M, U-10M, and U-15M
contained carbon in concentrations of 3.13, 3.65, and 2.54 at. pct. The carbon content for the
alloys exceeded 0.002 at. pct. and carbides were present in the ESEM micrographs presented
below. Table 8.1 showed enthalpy of formation data from Schick [1] that suggested zirconium
and titanium would form carbides before uranium and molybdenum. The zirconium and
titanium had lower enthalpy of formation values for carbides than uranium and molybdenum.
The excess carbon could selectively form carbides with titanium and zirconium while leaving
molybdenum relatively unaffected. The preference of zirconium over molybdenum for carbide
formation in uranium alloys had been reported by Craik et al. [40].
The onset of high temperature carbides formed faceted microstructure for heterogenous
nucleation sites for the enrichment of zirconium and titanium observed in the micrographs
below. The zirconium and titanium segregated from the uranium and molybdenum and
formed at grain boundaries. The carbides formed faceted microstructure and were nucleation
sites for zirconium and titanium to cool from the β(Bcc) to α(Hcp) phase. The formation of
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aData from Storms and Huber [103]
carbides and resultant segregation from molybdenum and uranium were no longer in solution
or part of the metastable component M in the Bcc phase. The alloys behave similar to a high
carbide containing uranium-molybdenum alloy. Data in Table 8.1 suggested that zirconium
and titanium would be preferentially removed from the alloy by forming compounds with
carbon, reducing the effective concentration of carbon, zirconium, and titanium within the
uranium-M alloy system. The temperature of the solidus increased with addition of M to
uranium suggesting that some titanium and zirconium remained in solution.
Figure 8.3 was a micrograph of a carbide in a in a U-10 wt. pct. M sample with an EDX
scan of the carbide and the surrounding solid solution. The carbon content was about 3.32
wt. pct. or roughly 50 at. pct. carbon. The center of the carbide was where the carbon counts
peaked. The EDX scan showed that the outer rinds of the carbide were rich in zirconium
and titanium while depleted in molybdenum, uranium, and carbon.
Figure 8.4 was an ESEM micrograph and EDX scan of a U-10M wt. pct. sample. The
micrograph showed dark spots that were rich in α-titanium and zirconium that may have
formed about a carbide. The light spots represented high carbon, molybdenum, and uranium
with moderate amounts of titanium and zirconium. The area located at point 9 on the EDX






























































Figure 8.3: EDX scan of ESEM micrograph of carbide in a uranium-10M wt. pct. sample. The
figure showed the facetted microstructure of a carbide in a uranium-M alloy. The facetted
carbides were believed to be heterogenous nucleation sites for titanium and zirconium to fall
out of solution with uranium and molybdenum.
The levels of uranium, molybdenum, titanium, zirconium were moderate compared to the




























































Figure 8.4: ESEM micrograph and EDX scan of a uranium-10M wt. pct. sample. The fig-
ures showed the change in chemical composition across different carbides. In addition, the
micrograph and scan showed the concentration distribution of the elements in solution.
The lighter colored inclusions could be uranium carbide because the lighter parts of the
micrograph, the uranium, molybdenum, carbon content increased. The carbides in Figure 8.4
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formed within and at the grain boundary. The carbide (dark spot) at the center of the ESEM
micrograph was titanium and zirconium carbide.
Figure 8.5 showed that some of the zirconium and titanium rich phase precipitated at
the grain boundaries. The precipitate was globular and suggested that the titanium and
zirconium formed in the liquid and heterogeneously nucleated about a carbide during solidi-
fication. The facetted features of the carbide were obscured due to heterogeneous nucleation
of the titanium and zirconium about the carbide during solidification.
Figure 8.5: ESEM Micrograph of a uranium-5M wt. pct. sample. The micrograph showed
titanium and zirconium phase formation at the grain boundaries of the casting.
8.4 Optical Microscopy
All of the optical micrographs were captured at 500x. The optical micrographs support to
the ESEM images. The ESEM images were used to identify the structure and the EDX was
used to qualitatively assess the chemical composition. The optical micrographs were used to
show that the titanium and zirconium segregation was a characteristic of the all samples. The
dark structures precipitated in the liquid during solidification effectively removing titanium
and zirconium alloy additions.
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U-5M(50Mo-43Ti-7Zr, in wt %) 500x 10 um
(a) a
U-7.5M(50Mo-43Ti-7Zr, in wt %) 500x 10 um
(b) U-5M
U-10M(50Mo-43Ti-7Zr, in wt %) 500x 10 um
(c) U-10M
U-12.5M(50Mo-43Ti-7Zr, in wt %) 500x 10 um
(d) U-12.5M
U-15M(50Mo-43Ti-7Zr, in wt %) 500x 10 um
(e) U-15M
Figure 8.6: All optical micrographs were captured at 500x. a. Optical micrograph of a
uranium-5M sample that showed segregation at both the grain boundary and with in the
grain. The precipitates were black and light blue in color b. Optical micrograph of a uranium-
7.5M alloy. c. Optical micrograph of a uranium-10M alloy. d. Optical micrograph of a
uranium-12.5M alloy. e. Optical micrograph of a uranium-15M alloy.
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The chemical composition of the dark regions were the same for the ESEM data located in
Appendix C. Etching techniques in Appendix B were developed by Howlett [68] and were
used to identify phase information about the microstructure. The micrographs located in
Figure 8.6 used the etching procedure outlined by Kelly et al. [98].
Figure 8.6 a. was a U-5M wt. pct. sample. The micrograph had grains on the order
of 10 - 20 µm. The micrograph was specked with titanium and zirconium precipitates. The
micrograph contains both α and γ phases that were verified using X-ray diffraction. Figure 8.6
b. was a micrograph of a U-7.5 wt. pct. M alloy. The sample had grains on the order of 20 - 50
µm. The structure showing pentamerous radial symmetry was another form of titanium and
zirconium precipitate that formed in the liquid during solidification. The figure also showed
some precipitation at the grain boundary in the form of dark globular formation. Another
interesting feature of the micrograph was the dark facetted features that were identified as
carbides using ESEM and EDX. Figure 8.6 c. was a micrograph of a U-10 wt. pct. M alloy.
The sample had grains on the order of 10 - 30 µm. The texture in the sample was due to
coring and the selectivity of the etch. Figure 8.6 d. was a micrograph that showed that no
visible grain was present at this magnification.
8.5 Differential Scanning Calorimetry
Table 8.2 was a list of the results of DSC analysis. The increase in solidus temperature
peaked at U-10 wt. pct. M. As observed from the XRD data the phases were all γ phase except
the uranium U-5 wt. pct. M alloy. Therefore there should not be any onset temperatures
lower than solidus measured. The onset temperatures below solidus were thought to be
associated with the segregation of titanium and zirconium caused by carbide formation
at high temperature. The segregation of titanium and zirconium from molybdenum and
uranium allowed the β phase of titanium and zirconium to transition between a two phase
field of α+β phases of titanium and zirconium before transitioning to α-phase titanium and
zirconium during cooling. The temperatures between 633 and 641 ◦ C were associated with
the α→α+β phase transition of titanium and zirconium. The temperatures between 687 and
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682 ◦ C were associated with α+β→β transition of titanium and zirconium. Not all of the
titanium and zirconium segregated because the solidus temperature increased with increased
concentration of M.
Table 8.2: Table of Differential Scanning Calorimetry Results
Alloy Composition Solidus ◦C Ti, Zr α+β/β ◦C Ti, Zr α/α+β ◦C
U 15 wt. pct. Ma 1228.3 ± 9.1 682.2 ± 8.9 633.0 ± 2.0
U 12.5 wt. pct. M 1226.7 ± 7.9 694.7 ± 10.1 626.0 ± 9.0
U 10 wt. pct. M 1220.9 ± 16.2 681.6 ± 22.0 627.7 ± 7.4
U 7.5 wt. pct. M 1186.7 ± 6.8 677.6 ± 2.9 631.9 ± 5.3
U 5 wt. pct. M 1173.6 ± 3.5 687.6 ± 6.3 641.6 ± 2.9
Uranium 1135 ± 0 781± 0 670.6± 0
aM was 50 wt. pct. Mo, 43 wt. pct. Ti, and 7 wt. pct. Zr (Mo35Ti65Zr5)
8.6 Discussion
The results presented above described segregation and cooling that occurred in a series
of U-xM alloys, where x was 15, 12.5, 10, 7.5, and 5 wt. pct. M and had a constant mass
ratio of 50Mo-43Ti-7Zr. The XRD analysis was used for qualitative phase identification. The
ESEM results illustrate a Zr,Ti-rich phase bounding prior γ and γ phase grains. EDX results
suggested that segregation occurred at the liquidus transition through the solidus boundary
with titanium and zirconium nucleating about carbides; all phases were Bcc until titanium
and zirconium transition through a two phase field to α-phase titanium and zirconium. The
DSC results verified the increase in solidus onset of the γ phase field but since the alloys
were metastable, no solvus or eutectoid temperatures were determined.
The as-cast alloys produced a range of composition dependent transition temperatures
during phase transformation of the γ phase. The range in transition temperatures from DSC
analysis were presented in Table 8.1. The data suggest that by increasing M, the transition





























Figure 8.7: The results of DSC analysis of uranium-M alloys where M was 50 wt. pct.
molybdenum, 43 wt. pct. titanium, and 7 wt. pct. zirconium. The plot was presented as an
isopleth.
The maximum solidus temperature for the γ phase field was 1226 ◦C at 12.5 wt. pct. M.
The maximum solidus temperature compared well to the uranium-10Zr wt. pct. which had
a solidus onset of 1250 ◦C. The transition temperature of the titanium and zirconium phases
temperature also decreased from 781 ◦C for bulk uranium to about 680 ◦C for the uranium-
M alloys. Generally, the results show that the γ phase solidus temperature increased with
increasing addition of M. Figure 8.7 showed a graphical representation of the results of the
DSC analysis in the form of an isopleth. The onset temperatures for the solvus and eutectoid
of the uranium-xM system was not determined because of the metastability of the γ phase.
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8.7 Uranium-Molybdenum-Tungsten System
The results of X-ray diffraction analysis, environmental scanning electron microscopy,
optical microscopy, and differential scanning calorimetry were discussed for the uranium-
molybdenum titanium system. The alloy sample matrix consisted of uranium-10 wt. pct.
molybdenum- x wt. pct. tungsten where x was 2.5, 5, and 7.5. In addition, a uranium-7
wt. pct. molybdenum-3 wt. pct. tungsten and uranium-9 wt. pct. molybdenum-1 wt. pct.
tungsten.
8.8 X-ray Diffraction Analysis
Figure 8.8: XRD data for the uranium-molybdenum-tungsten system that confirmed all
alloys in the test matrix were metastable to room temperature in the γ phase.
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Figure 8.8 showed the results of XRD of the entire test matrix for the uranium-molybdenum-
tungsten system. All as-cast samples were metastable in the γ phase to room temperature.
The γ(110) (the first peak) reflection at 2θ=36-37 decreased from 2θ=37.022 to 2θ=36.43
with increasing concentration of tungsten. The shift in 2θ suggested the lattice expanded with
the addition of tungsten relative to the uranium-molybdenum system. Complete metastabil-
ity of the γ phase in uranium-molybdenum alloys at room temperature was observed above
11 at. pct. molybdenum [26]. The presence of γ phase at the concentrations of molybdenum
within the test matrix were consistent with the literature. At the concentrations of molyb-
denum within the test matrix, it was difficult to determine the effect tungsten had on the
stability of the Bcc lattice of the uranium-molybdenum-tungsten alloy system.
8.9 Environmental Scanning Electron Microscopy and Energy Dispersive X-ray
Spectroscopy
Figure 8.9 was an ESEM micrograph and EDX scan of an undissolved tungsten grain
that mixed with molybdenum during casting. The micrograph and EDX showed that the
tungsten had reached the solubility limit or needed heat treatment to dissolve more tungsten
onto solution. The excess tungsten possibility to removed molybdenum from solution and
reduced the rigidity of the lattice and effectively reduced the stability of the γ phase at room
temperature.
Figure 8.10 was an ESEM micrograph and EDX scan of a carbide within a U-7Mo-3W
wt. pct. casting. The EDX scan qualitatively focussed on carbon, tungsten, molybdenum,
and uranium. The purpose of looking at carbides was to determine whether carbides were
heterogenous nucleation sites for tungsten leading to segregation. The EDX scan was over
two molybdenum and tungsten carbides and two uranium carbides from Figure 8.10. The
































Figure 8.9: ESEM micrograph and EDX scan of a U-7Mo-3W wt. pct. casting. The data was
used qualitatively evaluate the miscibility of tungsten and molybdenum in an undissolved
tungsten particle
The presence of uranium carbide dendrites in the uranium-molybdenum-tungsten alloy
system was supported by data reported by Craik et al. [40] for the uranium-molybdenum-
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zirconium system. Enthalpy of formation data located in Table 8.1 suggested that uranium




































Figure 8.10: ESEM micrograph and EDX scan of a U-7Mo-3W wt. pct. casting. The data was
used to qualitatively evaluate the effect of carbon on tungsten and molybdenum segregation.
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The ESEM micrographs showed larger areas of tungsten and molybdenum carbides but also
the presence of uranium carbides. The presence of larger areas of tungsten carbides were
possibly caused by the concentration of tungsten exceeding 1 at. pct tungsten in uranium
or the solubility limit of tungsten in uranium. The data suggest that the miscibility of
molybdenum in tungsten caused the molybdenum to segregate into the insoluble tungsten
grains and reduced the effective concentration of molybdenum on the solution.
Figure 8.11, an ESEM micrograph and EDX scan, showed dendrites nucleating from the
carbide microstructure. The tungsten carbide was most likely the initial carbide to form and
consisted of rinds of molybdenum and tungsten on the carbide. The dendrite arms were a
lower temperature carbide and most likely uranium carbide. No carbides had large dendrite
structures growing from them. Most carbides had rinds of molybdenum and tungsten that
had segregated from uranium.
Craik et al. [40] stated that carbon had little effect on the alloying behavior between
uranium and molybdenum, other than to introduce inclusions of uranium carbide into the
matrix enriched with molybdenum in proportion. The results discussed contradict Craik
et al. [40] because the carbides present consist of molybdenum/tungsten rinds that had
segregated about the carbide. Molybdenum was affected by carbide formation because of the
solubility of molybdenum in the tungsten forming about the carbides. In addition, tungsten
and molybdenum were miscible and caused the segregation of molybdenum at the carbide
and reduced the effective concentration of molybdenum in solution. The decrease in effective
concentration potentially reduced the induction time of the metastable γ phase.
The EDX scan showed the carbon content at a baseline of about 50 at. pct. or about 4.5
wt. pct. carbon. The carbon, tungsten, and molybdenum content increased about the onion
like carbide structure. The uranium content decreased to about 5 at. pct. where the line scan








































Figure 8.11: ESEM micrograph and EDX scan of a U-7Mo-3W wt. pct. casting. The Micro-
graph highlighted the rinds of molybdenum and tungsten about the carbide.
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8.10 Optical Microscopy
Figure 8.12 a. was an optical micrograph of a uranium 10 wt. pct. molybdenum 2.5 wt.
pct. tungsten alloy. The areas that were grayish blue were tungsten carbides and undissolved
tungsten due to the elevated carbon content and the low solubility of tungsten in uranium.
Figure 8.12 b. was an optical micrograph of a uranium 10 wt. pct. molybdenum 5 wt. pct.
tungsten alloy. The alloy showed more of the undissolved tungsten and carbide formation in
the shape of a banded cross. In addition, the dark black structures in the micrograph were
similar in structure to what was observed in the uranium-M system and were thought to be
tungsten precipitates forming from a carbide nucleation site in the liquid during solidification.
Figure 8.12 c. was a uranium 10 wt. pct. molybdenum 7.5 wt. pct. tungsten alloy. The alloy
was difficult melt and highly inhomogenous.
The uranium 10 wt. pct. molybdenum 7.5 wt. pct. tungsten alloy solidified faster than the
other alloys cast in the uranium-molybdenum-tungsten system. The alloy did not flow into
the cylindrical mold well. Addition of tungsten decreased the time needed to solidify and did
not mix well even though the casting was flipped and remelted 7-10 times. The micrograph
contained dark structures similar to the uranium-M system and suggested that a carbide
was the nucleation site. The carbide lost the faceted structure because of coverage from
residual tungsten and molybdenum. Figure 8.12 d. was an optical micrograph of a uranium
7 wt. pct. molybdenum 3 wt. pct. tungsten alloy. The defining feature of the micrograph was
the blue/silver square faceted features. The features were tungsten carbides as confirmed
by ESEM/EDX analysis. Figure 8.12 d. was a uranium 9 wt. pct. molybdenum 1 wt. pct.
tungsten alloy. The alloy had similar dendritic features that were consistent with the optical
micrographs from the uranium-M. The presence of the dendritic structures suggested that
some of the segregation occurred in the liquid during solidification.
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U-10Mo-2.5W in wt. pct. 500x 10 um
(a) U10Mo2.5W
U-10Mo-5W in wt. pct. 500x 10 um
(b) U10Mo5W
U-10Mo-7.5W in wt. pct. 500x 10 um
(c) U10Mo7.5W
U-7Mo-3W in wt. pct. 500x 10 um
(d) U7Mo3W
U-9Mo-1W in wt. pct. 500x 10 um
(e) U9Mo1W
Figure 8.12: a. Optical micrograph of a uranium 10 wt. pct. molybdenum 2.5 wt. pct.
tungsten alloy. The precipitates were black and light blue in color b. Optical micrograph
of a 10 wt. pct. molybdenum 5 wt. pct. tungsten alloy. c. Optical micrograph of a 10 wt.
pct. molybdenum 7.5 wt. pct. tungsten alloy. The alloy was difficult cast and mixed poorly.
d. Optical micrograph of a uranium 7 wt. pct. molybdenum 3 wt. pct. tungsten alloy. e.
Optical micrograph of a uranium 9 wt. pct. molybdenum 1 wt. pct. tungsten alloy.
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The point of the repetitive nature of the analysis was to highlight the similarities between
the uranium-M system and the uranium-molybdenum-tungsten system as a result of the
elevated carbon content present in the alloy systems. The elevated carbon content in the
alloy systems caused preferential segregation and precipitation of alloy constituents titanium
and zirconium in the uranium-M system and tungsten in the uranium-molybdenum-tungsten
system.
8.11 Differential Scanning Calorimetry
























à Heat Cycle 2
æ Heat Cycle 1
Figure 8.13: Differential scanning calorimetry data for U-10Mo-2.5, 5, 7.5W wt. pct. alloys.
The data showed temperature variation of the solidus of the low solubility of tungsten in
uranium.
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The solidus onset temperatures were around 1218 ◦C which fit the criteria suggested above.
The solidus temperature was roughly 30 ◦C lower than uranium-10Zr wt. pct.
The solidus temperature decreased with ternary alloy addition of tungsten greater than
5 wt. pct. As mentioned, phase separation was observed due to the low solubility of tungsten
in uranium. No separate phase transition was detected other than the solidus transition
temperatures for the γ phase. A phase may exist closer to tungsten’s melting point but was
not detectable using the available differential scanning calorimeter because the maximum
operating temperature was 1500 ◦C.
Table 8.3: Table of Differential Scanning Calorimetry Results
Alloy Composition Solidus ◦C β ◦C α ◦C
U 10Mo 2.5W wt. pct. 1217.2 ± 0.8 NA NA
U 10Mo 5W wt. pct. 1218.53 ± 26.8 NA NA
U 10Mo 7.5W wt. pct. 1178.05 ± 10.2 NA NA
Uranium 1135 ± 0 781± 0 670.6± 0
8.12 Discussion
X-ray diffraction analysis determined that all alloys of the uranium-molybdenum-tungsten
alloy were γ phase. The ESEM and EDX results confirmed the presence of carbide for-
mation during solidification. Optical microscopy confirmed the presence of both carbides
and undissolved tungsten in the alloys. The uranium-molybdenum-tungsten system met the
temperature range for solidus as residing between 1200 and 1350 ◦C. The solidus temper-
ature of the alloy compares well to the uranium-10Zr solidus temperature of about 1250
◦C. The peak solidus temperatures for the alloy systems were roughly the same at 1226 ◦C
for the uranium-M system and 1218 ◦C for the uranium-molybdenum-tungsten system. The
uranium-molybdenum-tungsten system required less alloy addition to achieve similar solidus
temperatures as the uranium-M system. Tungsten concentrations above the solubility limit
of tungsten in uranium acted as a sink for excess carbon. The excess tungsten interacted





The uranium-molybdenum-titanium-zironium and uranium-molybdenum-tungsten alloy
systems were experimentally characterized for X-ray diffraction analysis, environmental scan-
ning electron microscopy, energy dispersive X-ray spectroscopy, optical microscopy, and dif-
ferential scanning calorimetry. The data presented were new to the literature and extend
the available information about metallic nuclear fuel. Mariani et al. [6] predicted that the
addition of titanium and zirconium to the uranium-molybdenum system would extend the
solidus temperature and lower the onset of solvus and eutectoid. The solidus for the uranium-
molybdenum-titanium-zironium system reached a maximum of 1228 ± 9.1 ◦C. The eutec-
toid temperature was not determined due to the metastability of the alloys and the elevated
carbon content interacting with titanium and zirconium within the alloys. The eutectoid
transition temperature was obscured by the titanium/zirconium α→α+β phase transition
and the α+β→β transition as analyzed by differential scanning calorimetry. The carbon in-
teraction was not predicted but the goal of extending the γ phase field was achieved. Except
for U-5 wt. pct. M, the samples analyzed in the uranium-molybdenum-titanium-zirconium
system maintained γ phase or the Bcc to room temperature. The eutectiod was not observed
and additional heat treatments were needed to determine the eutectoid temperature for the
alloys.
The addition of carbon to the system provided nucleation sites for the for titanium
and zirconium to segregate from solution. Segregation potentially lowered the maximum
value of the solidus temperature but did not effect the metastability of the γ phase of
the alloys because the effective concentration of molybdenum was not reduced. Similar
structure and behavior was observed for the uranium-molybdenum-tungsten system. Not
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all of the tungsten dissolved into solution and carbides were observed through optical mi-
croscopy and environmental scanning electron microscopy. The solidus temperature of the
uranium-molybdenum-titanium-zirconium system was raised approximately 50 ◦C relative to
the uranium-molybdenum system. The solidus temperature for the uranium-molybdenum-
tungsten system was raised approximately 40 ◦C. The tungsten system did not had all of
the solute dissolve into solution. Both alloy systems have the potential for higher solidus
temperatures if the carbon content of the alloys could be reduced. In addition, the uranium-
molybdenum-tungsten system required less total alloy addition to achieve a similar solidus
temperatures as the uranium-M system.
9.2 Recommendations
Despite the strides of developing alloys that performed to the design requirements of
Idaho National Laboratory, further work was required to understand the thermal and me-
chanical properties of the metallic fuel alloys described above. In addition, these stud-
ies should be replicated with a low carbon sources of uranium, molybdenum, titanium,
zirconium, and tungsten. Investigating the uranium-molybdenum-titanium-zirconium and
uranium-molybdenum-tungsten systems highlighted several areas that would benefit from
additional research and investigation. The additional areas of research would extend the
available literature and provide scientists and engineers with data to better predict ther-
mal and mechanical behavior of metallic fuel pins under irradiation. The areas of additional
research were enumerated:
1. Alloy preparation
(a) Additional studies should be performed on alloys prepared with low carbon reagents
to differentiate the effect of carbon addition on thermal properties such as solidus,
solvus, and eutectoid.
(b) Reagent particle size distribution determination.
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2. Uranium-molybdenum-tungsten alloy
(a) The tungsten concentration should be added to uranium-molybdenum alloys within
the range of 0 to 1.0 at. pct. to which was within the solubility limit of tungsten
in uranium. Tungsten should be added to uranium-molybdenum alloys contain-
ing up to 11 at. pct. molybdenum to test the effects tungsten addition had on
metastability. The alloys would be interrogated with X-ray diffraction to identify
phase composition. If the as-cast or homogenized alloy was γ phase it should un-
dergo heat treatment to determine the induction time of the metastable phase
decomposition.
(b) Tungsten will be added in the range of 0 to 1 at. pct. to alloys up to 22 at. pct.
molybdenum to test the effects of tungsten addition on solidus temperature.
3. Heat treatment studies
(a) Each alloy should be wrapped in tantalum and vacuum sealed in either a stainless
steel container or quartz tubing.
(b) Each alloy should be heat treated at 900 ◦C for a twenty-four hour period to
ensure each alloy’s chemical distribution was homogenized.
(c) Each alloy should be heat treated at temperatures between 900 and 425 ◦C and
extracted from the furnace and quenched at multiple times such that a TTT curve
could be generated.
(d) The data from this type of study should be compared to uranium-molybdenum
TTT diagrams so that the effect of the addition of titanium and zirconium could
be determined. The experiment would be performed for the uranium-molybdenum-
tungsten system.
(e) Differential Scanning Calorimetry should be performed on heat treated samples
to establish lower boundary of γ phase.
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4. Coefficient of thermal expansion
(a) The coefficient of thermal expansion should be determined on all alloys over a
temperature range consisting of the fuel pin operating temperature and predicted
temperature excursions such that information could be available for calculation
of thermal conductivity from thermal diffusivity. Coefficient of thermal expansion
was used to determine changes in density with changes in temperature.
5. Thermal diffusivity measurements
(a) Thermal diffusivity measurements should be determined on all alloys over a tem-
perature range consisting of fuel pin operating temperature and predicted tem-
perature excursions such that information could be available for calculation of
thermal conductivity.
6. Diffusion couple studies
(a) Diffusion couple experiments with select alloys consisting of U-M // Fe (or HT9).
The diffusion couple experiments will compare the properties of the uranium-M
alloys to that of the uranium-zirconium system during fuel cladding chemical inter-
action. The experiments will determine the effects of alloy additions, molybdenum
and titanium, on the diffusion of zirconium over a thermal gradient. In addition,
the experiments will determine the effects the concentrations of zirconium on re-
tarding fuel cladding chemical interaction. The experiments would determine the
effects of chemical driving force associated with a change in phase within the cast-
ing. Additionally, the diffusion couple experiments would determine the effect of
thermal gradient on the induction time for phase change and the effect of phase
change on diffusion at the diffusion couple.
(b) The diffusion couples should be tested at time intervals up to and beyond the
phase transition associated with the eutectoid for the uranium-molybdenum sys-
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tem to compare the effect of phase transition or change in solubility of the dif-
fusion couple relative to both systems analyzed in this study. The temperature
of the isothermal diffusion couple experiment would be 450 ◦C or the outer edge
temperature of a fuel pin in a reactor.
(c) A thermal gradient should be applied radially from the center of the casting to the
edges. The temperature should range from 700 to 450 ◦C. The test will determine
the effect of thermal gradient on the radial diffusion alloy additions. In addition,
the data from this experiment could be compared to the data collected from
isothermal diffusion couple experiments.
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APPENDIX A - LECO CS400 CARBON ANALYZER METHOD
The ASTM E1941 method was used to extract carbon from the sample powders and foil
using a Leco CS400 carbon analyzer. The following procedure was for measuring carbon in
molybdenum and tungsten powders and foils:
• Determine blank.
– Enter 1.0000 g mass into Sample Login (F3) using blank as the sample name.
– Add ∼1.0 g of iron chip and ∼1.5 g of copper accelerator to a prepared crucible.
– Place a prepared crucible lid on the crucible.
– Place the crucible on the furnace pedestal (or appropriate autoloader position if
so equipped) and initiate Analyze (F5).
– Repeat steps 2a through 2d a minimum of three times.
– Set blank following procedure outlined in operator’s instruction manual.
• Calibrate/Drift Correct.
– Weigh ∼0.5 g calibration/drift sample into a prepared crucible, enter mass and
sample identification into Sample Login (F3).
– Add ∼1.0 g of iron chip accelerator and ∼1.5 g of copper accelerator on top of
sample.
– Place a prepared crucible lid on the crucible.
– Place the crucible on the furnace pedestal (or appropriate autoloader position if
so equipped) and initiate Analyze (F5).
– Repeat steps 3a through 3d a minimum of three times for each calibration/drift
sample intended for calibration/drift.
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– Calibrate/drift correct using the procedure outlined in the operator’s instruction
manual.
• Analyze Samples.
– Weigh ∼0.5 g sample into prepared crucible, enter mass and sample identification
into Sample Login (F3).
– Add ∼1.0 g of iron chip accelerator ∼1.5 g of copper accelerator on top of sample.
– Place a prepared crucible lid on the crucible.
– Place crucible on furnace pedestal (or appropriate autoloader position if so equipped)
and initiate Analyze (F5).
The procedure for measuring carbon in zirconium and titanium foils and powders was as
follows:
• Preheat ceramic crucibles in a muffle or tube furnace at 1350 ◦C for not less than fifteen
minutes, or at 1000 ◦C for not less than forty minutes. The crucibles were removed
from the furnace, allowed to cool for 1-2 minutes and placed in a desiccator for storage.
If the crucibles were not used in four hours, they should be rebaked.
• Prepare analyzer as outlined by operators instruction manual.
• Determine the instrument blank.
– Enter 1.000 (± 0.005 g) of 502-173 LECOCEL II HP and 1.000(± 0.005 g) of
502-231 Iron Chip.
– Place crucible on furnace pedestal and analyze.
– Repeat steps a minimum of three times.
– Enter blank following routine outlined in operator’s instruction manual.
• Calibrate anlyzer
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– Weigh ∼0.5 g calibration standard into a preheated 528-018 crucible and enter
weight into weight stack.
– Add 1.000 g (± 0.005 g) of 502-173 LECOCEL II HP and 1.000 g (± 0.005 g) of
502-231 Iron Chip to the crucible.
– Place crucible on furnace pedestal and analyze.
– Repeat steps above a minimum of three times and calibrate the instrument fol-
lowing the auto calibration procedure as outlined in the operators instruction
manual.
– Verify the calibration by analyzing the calibration standard again. It should fall
within the expected tolerance. If not, repeat the steps listed above.
• Analyze samples:
– Weigh ∼0.25 to 0.5 g sample inot a preheated 528-018 crucible and enter weight
into weight stack.
– Add 1.000 g (± 0.005 g) of 502-173 LECOCEL II HP and 1.000 g (± 0.005 g) of
502-231 iron chip to the crucible.
– Place crucible on furnace pedestal and analyze.
• ”Lecocel” (a combustible metal powder) was mixed with a calibration sample of known
mass and carbon and sulfur composition in a disposable crucible
• The crucible was loaded into the machine and it was heated by induction.
• The induction heating of the crucible contents, combined with the application of an
oxygen gas stream, ignites the mixture in the crucible.
• The oxygen stream reacted with carbon and sulfur in the calibration sample and forms
compounds which were carried in the gas stream to two independent infrared detectors.
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One detector detected the signature from carbon compounds while the other detects
the sulfur compounds’ signature.
• The signal was correlated to previous calibration runs to give a measured carbon and
sulfur composition for the calibration sample. The result of the calibration run was
compared to the known composition and the machine modifies a program parameter
based on the difference.
The above procedure was repeated three times and then the sample of interest was run
in place of the calibration sample. The accuracy of the measurement depends upon the
accuracy of the calibration and the precision of the IR detectors.
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APPENDIX B - OPTICAL MICROSCOPY DATA USING ETCHING
PROCEDURE OUTLINED BY Howlett [68]
The etch step applied to castings consisted of submersing a polished sample in an etch
reagent consisting of:
– 20 ml of 30% hydrogen peroxide
– 10 ml of 28% ammonium hydroxide
– 1g ammonium persulfate
Ammonium per sulfate was dissolved in hydrogen peroxide before the ammonium hy-
droxide was added. Alloys were etched for roughly twenty seconds. The U2Ti was
stained bright blue, α and decomposed β were stained light brown, decomposed γ
uranium was stained light yellow, and retained γ phase was not attacked [68].
Optical microscopy was used to identify microstructure by initially electrolytically
etching to expose prior γ grain boundaries and later by chemically etching to reflect
light based on crystal orientation. Figure B.1 was an optical micrograph of a 15 wt. pct.
M alloy. The micrograph showed similar structure to Figure 8.4. The proeuctectoidal
and eutectoidal phases consisting of U2Ti(Zr) intermetallic was blue and the α-Zr,Ti-
rich phase was black. Surrounding these features was unattacked γ phase (white),
transformed γ phase (light yellow), and α phase (light brown). As the casting cooled,
the γ phase transformed into the α phase decreasing the solubility of zirconium and
titanium. The zirconium and titanium were precipitated as the U2Ti(Zr) intermetallic
and α-Zr,Ti-rich phase.
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Figure B.1: An optical micrograph of a 15 wt. pct. M uranium alloy illustrated cooling history
of casting. The whitish area of the micrograph was mostly γ phase, the black and blue areas
composed of dots and free dendrites of mostly a titanium and zirconium rich area in black
with U2Ti intermetallic in blue, and the light yellow areas were transformed γ phase.
Figure B.2 was an optical micrograph of a 12.5 wt. pct. M alloy. The segregation of
the Zr,Ti-rich phase and U2Ti was uniformly dispersed within the micrograph.
Figure B.2: An optical micrograph of a 12.5 wt. pct. M uranium alloy. The micrograph
showed both γ phase and less α phase and no dendrites. U2Ti intermetallic was dotted
across the micrograph.
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The segregation did not appear as dense, instead the feature appeared as a uniform
distribution of U2Ti(Zr) intermetallic surrounded by Zr,Ti-rich phase. The U2Ti inter-
metallic and Zr,Ti-rich phase was surrounded by α phase, very little transformed γ,
and some unreacted γ phase.
Figure B.3 was an optical micrograph of a 10 wt. pct. M uranium alloy. The segregation
feature was condensed and less dispersed than that of the previous micrograph. The
feature consisting of Zr,Ti-rich phase and U2Ti had the initial structure of dendrite
formation. The feature consisting of pro-eutectoidal precipitation and divorced eutec-
toid was surrounded by α phase (brown), some transformed γ phase (light yellow), and
whitish γ phase that was not attacked by the chemical etch.
Figure B.3: An optical micrograph of a 10 wt. pct. M uranium alloy. The whitish area between
the brownish α phase cells was γ phase. The location of the U2Ti was mostly within the
α phase cell. The blue area was U2Ti intermetallic that precipitated at the eutectoid onset
temperature.
Figure B.4 was an optical micrograph of a 7.5 wt. pct. M uranium alloy. The feature
consisting of Zr,Ti-rich phase and U2Ti showed secondary dendrite growth. The Zr,Ti-
rich phase and U2Ti was surrounded by α and unattacked γ phase. The α-grains have
changed from acicular grains to spindle shaped grains. The grains did not have an
orientation.
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Figure B.4: An optical micrograph of a 7.5 wt. pct. M uranium alloy. The casting contained γ
phase and acicular α phase grains and secondary dendrite growth. The dendrites and acicular
α phase grains reflected the direction of heat flow or heat extraction from the casting.
Figure B.5 was different from the micrographs previously discussed because prior γ
grains were visible.
Figure B.5: An optical micrograph of a 5 wt. pct. M. This micrograph consisted of mostly α
phase and transformed γ phases. In addition, there were dendrites of zirconium and titanium
with U2Ti intermetallic. The decomposition of the γ phase was reflected by prior γ grain
boundaries.
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The Zr,Ti-rich segregation and U2Ti feature occurred most often at the grain bound-
aries. Surrounding the grain boundaries were predominantly α. No partially trans-
formed γ phase was present. The series of micrographs suggested that decreasing the
concentration of M increases the size of the feature consisting of Zr,Ti-rich phase and
U2Ti intermetallic because less γ phase and partially transformed γ phase were present
to retain zirconium and titanium in solid solution with uranium.
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APPENDIX C - ESEM MICROGRAPHS AND EDX SCANS OF URANIUM-M
SAMPLES THAT WERE POLISHED AND NOT ETCHED
The data presented below were ESEM and EDX scans of uranium, molybdenum, ti-
tanium, and zirconium. The data showed dark regions along grain boundaries that
highlight zirconium and titanium enrichment. The samples were polished up to 1 µm
and were not etched. Later samples were analyzed for carbon content and faceted
carbide structures although EDX was not the best tool for analyzing carbon content.
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Figure C.1: An ESEM micrograph of a U-
10 wt. pct. M alloy at 1000x.















































Figure C.2: An EDX scan of a U-10 wt.
pct. M alloy at 1000x
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Figure C.3: An ESEM micrograph of a U-
7.5 wt. pct. M alloy at 1000x.














































Figure C.4: An EDX scan of a U-7.5 wt.
pct. M alloy at 1000x.
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Figure C.5: An ESEM micrograph of a U-
5.0 wt. pct. M alloy at 1000x.










































Figure C.6: An EDX scan of a U-5.0 wt.
pct. M alloy at 1000x.
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APPENDIX D - LUMPED CAPACITANCE METHOD USING PYTHON
SCRIPTING LANGUAGE







import matplotlib.pyplot as plt








for n in range(len(temp2)):
temp.append(temp2[n]+273.15)
normtemp.append(temp2[n]/172.1)
k = 17.1 W/m*K
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rhoUMo = 17.06*1000 kg/m3
cp = 147 J/kg*K
alpha = k/(rhoUMo*cp)
m=18.329 g
ro = 0.00000001 m
ro2 = 0.003 m




Hiesse = 1/(120+273.15) 1/K
alpha2 = 3.4161*10**-5 m2/s
nu = 2.2730*10**-5 Pa s
Pr=0.66529
h = 0.016 W/(m*K)
Ti = 172.1+273.15 K;















BiotNumber = ((hbar*hradinit/(hbar+hradinit)) * Lc)/k





for n in range(1200):
Fo = (alpha *t)/(0.003**2)





























plt.title(’Temperature Profile of Casting’)
plt.ylabel(’Temperature (K)’)
plt.xlabel(’seconds (s)’)









plt.title(’Temperature Profile of Casting’)
plt.ylabel(’Temperature’)
plt.xlabel(’seconds (s)’)








APPENDIX E - MIEDEMA METHOD OF CALCULATING ENTHALPY OF
FORMATION FOR TERNARY ALLOYS
E.1 Method of Calculating the Enthalpy of Mixing for Ternary Alloys Using
Miedema Theory
A method developed by Bakker [87], Miedema and de Chitel [89], Miedema and Niessen [104],
Gallego et al. [105] was utilized to calculate the enthalpy of mixing. A sample calculation was
performed using the constants from Bakker [87] to insure confidence that the method was
predicting values for the chemical part of the enthalpy of mixing reproducibly and within
the same order of magnitude. Simlarly, the elastic component of the enthalpy of mixing was
validated using constants from Bakker [87]. The enthalpy of mixing for both the chemical and
elastic terms were identical to the reported values. In addition, the solute-solute interactions
were included in the derivation.
Entropy of mixing was not approximated using Miedema Theory and the structural term for
calculating the enthalpy of mixing was neglected because the crystal structure of uranium









where ∆HcABC was the chemical contribution to the electron redistribution when the alloy
was formed, ∆HeABC was the elastic or atomic size mismatch contribution, and ∆H
s
ABC was
the structural contribution. As mentioned above the structural term was not included in the
calculation but included in the description of the heat of mixing.
Starting with the binary Model described by Miedema and Niessen [104], the chemical con-




A F (A,B). (E.2)
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VA was the atomic volume and V
2
3 was proportional to the surface area of the atomic
Wigner-Seitz cell. F(A,B) was dependent on the properties of the pure metals, specifically
the electronegativities, φA and φb, and electron densities, nA and nb at the boundaries of the
bulk atomic Wigner-Seitz cells. F(A,B) was described as

















Where Q and P were constants and F(A,B) was proportional to the interaction area of
contact between cells A and B. The chemical contribution to the heat of mixing for a binary
alloy was
∆HcAB = xAxB(xB∆hAinB + xA∆hBinA). (E.4)
The extension to the above model to ternary alloys with concentrations xA, xB, and xC was














assuming that the chemical interaction per unit surface area was not changed by the presence
of component C.
The elastic component to the heat of mixing described by Bakker [87], Miedema and de Chitel





Where KA and KB were the bulk molds of component A and B and GA and GB were the















Values for the chemical and elastic components of the enthalpy of mixing were entered into
Equation E.9.
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